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Single component nanocrystalline materials exhibits outstanding mechanical and physical 
properties, but they are unstable against thermal and mechanical loading. Addition of alloying 
elements are subjected to improve the thermal and mechanical stability. In the present work, 
supersaturated solid solution nanocrystalline Co-Cu (Co-rich) alloys were developed through 
the pulsed electrodeposition (PED) technique and the thermal and mechanical stability were 
investigated. Microstructural evolution during thermal and mechanical loading was also 
investigated for exploration the possible microstructural evolution mechanisms in this 
nanocrystalline alloy. This work shows the huge potential of supersaturated solid solution 
nanocrystalline Co-Cu alloys, where the thermal and mechanical stability of microstructure can 




Einkomponentige nanokristalline Werkstoffe weisen hervorragende mechanische und 
physikalische Eigenschaften auf, sind aber instabil gegenüber thermischer und mechanischer 
Belastung. Durch die Zugabe von Legierungselementen wird eine Verbesserung der 
thermischen und mechanischen Stabilität erwartet. In der vorliegenden Arbeit wurden 
übersättigte Co-reiche nanokristalline Co-Cu-Legierungen in fester Lösung durch die gepulste 
Elektroabscheidung (PED) entwickelt und die thermische und mechanische Stabilität 
untersucht. Die strukturelle Entwicklung während der thermischen und mechanischen 
Belastung wurde ebenfalls untersucht, um die möglichen strukturellen 
Entwicklungsmechanismen in dieser nanokristallinen Legierung zu erforschen. Diese Arbeit 
konnte das große Potenzial von übersöltigten nanokristallinen Co-Cu Mischkristallen 
aufzeigen, bei welchen durch kontrollierte Entmischungprocesse die thermische und 
mechanische Stabilität gesteiget werden konnte.
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Chapter 1 - Introduction 
Single-component nanocrystalline metals (i.e. polycrystalline with typical grain size of less 
than 100 nm) exhibit magnificent mechanical and physical properties compared to conventional 
coarse-grained counterpart [1, 2, 3, 4, 5]. However, these types of materials are prone to grain 
growth because of high internal interfacial energy (i.e. grain boundaries and triple junctions) 
which may degrade their magnificent properties [6, 7, 8, 9]. Nanocrystalline materials are also 
mechanically unstable [10, 11, 12] because of processing flaws and unstable plasticity. 
Improvements on the thermal and mechanical stability are crucial for high-performance 
structural applications. 
Improving thermal and mechanical stability of nanocrystalline materials is possible 
through various techniques, for instance, addition of alloying elements (e.g. Co-Cu, Co-Ni and 
Co-Cu-Ag alloys) [13, 14, 15, 16, 17] and secondary nanoparticles (e.g. oxides and carbon) [13, 
18, 19] and application of modified microstructures (e.g. bimodal and nano-twinned structures) 
[20, 21, 22]. Incorporation of contaminants (e.g. sulphur and phosphor) at grain boundaries has 
also an impact on the stabilisation of the nano-sized grains [23, 24], but segregation of 
contaminants may lead to the embrittlement of grain boundaries in high temperature 
applications [25], thus this option should be not considered. Addition of secondary 
nanoparticles is difficult because of particles agglomeration and inhomogeneous particles 
distribution which lead on degradation of materials properties, while formation of nano-twinned 
and bimodal structures is not applicable for most metals and alloys. Therefore, application of 
multi-component and/or -phase nanocrystalline metals is a favoured way to improve thermal 
and mechanical stability. 
One of the most promising materials is a supersaturated solid solution nanocrystalline 
alloy, e.g. immiscible Co-Cu system, whereas an improved thermal and mechanical stability 
can be achieved by tailoring microstructure and phase through adjusting parameters of synthesis 
process and conducting specific thermal treatment [13, 26, 27, 16, 28, 29, 30, 31, 32, 33]. 
Considering physical properties, these materials are receiving great interest as a candidate for 
advanced electronic application caused by their giant magnetoresistance (GMR) effect of the 
modulated nanostructures of Co and Cu [34, 35, 36, 37, 38]. Regarding potential applications, 
nanocrystalline Co-Cu alloys must have an excellent stability against thermal and mechanical 
loading. However, comprehensive information of the thermal and mechanical stability of 
nanocrystalline Co-Cu is only available for selected chemical composition which processed 
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through selected approaches (i.e. severe plastic deformation), thus, investigation on the 
different nanocrystalline Co-Cu systems and its potential development are needed. 
Most nanocrystalline Co-Cu alloys are produced through the severe plastic deformation 
process (SPD), mainly the high-pressure torsion (HPT) technique, caused by an ability to 
produce very fine grain materials with a wide range dimension, including bulk nanocrystalline 
materials. The production of bulk samples of nanocrystalline materials is important to 
understand the macroscopic mechanical and physical properties. According to previous works 
[13, 27, 29], the HPT-processed nanocrystalline Co-Cu shows a significant improvement on the 
thermal stability compared with nanocrystalline pure Co [7, 23] and pure Cu [8, 9]. Interesting 
spinodal and phase decomposition of solid solution Co-Cu could be also obtained at different 
annealing temperatures [13, 27]. The decomposition of solid solution Co-Cu is an interesting 
feature for improving mechanical and physical properties of nanocrystalline Co-Cu caused by 
a different characteristic of Co- and Cu-rich regions/phases formed during tailoring of nano-
structure. However, the grain coarsening during decomposition of Co-Cu at high temperatures 
must be taken into consideration. Regarding mechanical properties, nanocrystalline pure Co 
exhibits a magnificent strength with low ductility [39, 40, 41], while the current type of 
nanocrystalline pure Cu shows a decent ductility [42, 43, 44, 21, 45]. A solid solution 
strengthening of the Co-Cu systems could contribute also on the additional strength 
enhancement. A combination of Co and Cu components in the nanocrystalline Co-Cu system 
is expected to generate excellent mechanical strength and ductility compared with 
nanocrystalline pure Co and Cu. However, significant improvement in ductility was still not 
observed in the HPT-processed bulk nanocrystalline Co-Cu [16] in which an elongation to 
fracture of below 10% was still observed. In addition, the SPD-processes have a limitation to 
produce nanocrystalline materials with grain sizes of below 50 nanometers, whereas a typical 
grain size of nearly 100 nm was frequently observed [13, 27]. Development of nanocrystalline 
Co-Cu through different processing routes is needed to produce nanocrystalline Co-Cu with 
different characteristics and properties. 
Among common alternative processing routes to produce bulk nanocrystalline 
metals/alloys are mechanical alloying (MA) and electrodeposition (ED). However, mechanical 
alloying is a complex processing route which has major issues on the powder processing (e.g. 
expensive cost and contamination of milled powder) and consolidation (e.g. grain coarsening 
and porosity) even through the novel consolidation processing [46]. The processing on the bulk 
nanocrystalline Co-Cu through the MA and consolidation has not been reported. Another 
technique, i.e. conventional direct current (DC) electrodeposition at high current density, leads 
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on the formation of unstable deposits with inhomogeneous microstructure and chemical 
distribution caused by the limiting current density. In the last 25 years, pulsed electrodeposition 
(PED) has been developed to solve the problems on the processing of bulk nanocrystalline 
metals/alloys and showed some promising results. PED is a simple route of production with 
established technology and wide-range controllable parameters (e.g. pulse current density, duty 
cycle, pulse on time, and composition of electrolyte) in which bulk nanocrystalline materials 
with significantly different characteristic and properties can be obtained [4]. Therefore, the PED 
method was selected as an alternative processing route of bulk nanocrystalline Co-Cu.  
In the present work, synthesis of the bulk nanocrystalline Co-Cu through the PED process 
are employed and optimized. Microstructure characterisation and development are also 
investigated. This research is aimed to produce different type of nanocrystalline materials, 
specifically Co-Cu systems, which leads on the comprehensive understand of reciprocal 
relationship between nanostructures, thermal stability and mechanical properties, thus different 
nano-structured materials for wide-range applications can be produced. According to the 
research objectives, three different parts are established in this thesis. In the first part, synthesis 
of the PED-processed nanocrystalline Co-Cu and characterisation of the microstructure and the 
thermal stability are investigated to study the possible structural development regarding 
potential applications. The micro-mechanical stability of the PED-processed nanocrystalline 
Co-Cu and possible structural changes under mechanical loading are also studied through the 
static and cyclic micro-bending test in the first part. In the second part, strategies to improve 
tensile strength and ductility of the bulk PED-processed nanocrystalline Co-Cu are studied by 
adjusting deposition parameters and conducting subsequent annealing treatment. In the second 
part, the effect of the parameter of deposition on the processing flaws (e.g. porosity, internal 
stresses, and chemical inhomogeneity) and the impact on the mechanical properties are 
investigated. In the last part, microstructural behaviour of bulk PED-processed nanocrystalline 
Co-Cu under cyclic loading is investigated. 
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Chapter 2 - Literature Review and State of the Art 
 2.1 The processing of bulk nanocrystalline materials 
For over 30 years, processing of nanocrystalline materials with different properties has 
been developed through various processing techniques. The processing of nanocrystalline 
materials can be classified based on the initial state of materials divided into two different 
approaches: (i) bottom-up and (ii) top-down [47, 48]. In the bottom-up approaches, 
nanocrystalline materials are gradually assembled from small groups of atoms, ions, or 
molecules through a step-by-step deposition and/or consolidation [47]. The nanocrystalline 
films from few nanometer up to hundreds micrometer of thicknesses can be produced through 
the bottom-up approach. Some processing routes can be classified into this category, for 
instance, electrodeposition [4, 49, 50], inert gas condensation and consolidation [51, 52, 11], 
and lithography [53, 54]. The top-down approach starts with a bulk material with a coarse 
microstructure (>1 µm) and then the bulk materials are subjected to structural decomposition 
or refinement stages down to the nanometers scale of microstructure [48]. The top-down 
approaches are used to produce nanostructured powders and structural nanocrystalline material 
in the order of millimeters of thicknesses. The severe plastic deformation (SPD) [55, 56, 57] 
and mechanical alloying (MA) [46, 48, 58] methods are popular top-down approaches used to 








Figure 2.1 Schematic pictures of different severe plastic deformation (SPD) techniques: (a) high-pressure torsion 
(HPT) (from [59]), (b) equal channel angular extrusion (ECAE) (from [59]), and (c) accumulative roll-bonding 
(ARB) (from [60]). 
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Currently, the key challenge in the processing of nanocrystalline materials is production 
of bulk samples with thicknesses of hundreds of micrometer up to some millimeters to access 
the macroscopic mechanical and physical properties. However, there are only particular 
techniques for producing bulk nanocrystalline materials. For example, the SPD-processes are 
among popular approaches used to produce bulk nanocrystalline materials. For raw materials, 
conventional SPD-processes normally use the bulk materials with a coarse grained 
microstructure, but current development shows that pre-compacted powders can be used also 
in the SPD-processes. In the SPD-processes, a very large plastic strain is applied to the bulk 
materials or pre-compacted powders to produce nanocrystalline materials through various 
techniques [55, 56], for instance, high-pressure torsion (HPT) [55, 59, 61], equal channel 
angular extrusion (ECAE) [62, 63], and accumulative roll-bonding (ARB) [64, 60]. Schematic 
pictures of the various SPD-processes are summarised in Figure 2.1. 
One advantage of the SPD-processes is the ability to produce a wide-range of dimensions 
of nanocrystalline samples. Different materials can be alloyed through the SPD-processes 
including the incorporation of nanoparticles (e.g. carbide, oxide, CNT) in the nanocrystalline 
metals and alloys [13, 19, 57]. However, the SPD-processes have limitations to produce 
nanocrystalline materials with microstructural sizes of few to tens of nanometers. The materials 
with ultrafine grain sizes (0.1–1.0 µm) were commonly produced through the SPD processes 
[48]. In addition, microstructure and chemical inhomogeneity was also frequently observed in 
the SPD-processed nanocrystalline materials caused by inhomogeneous strain distribution and 
particle/chemical distribution, which has a direct impact on the bulk mechanical properties [65, 
66, 67]. Caused by some limitations of the SPD-processes, alternative processing routes are 
developed to produce a bulk nanocrystalline materials with a smaller size and more 
homogeneous microstructure. 
The synthesis of nanocrystalline materials with smaller grain size is possible through 
mechanical alloying (MA) and consolidation. One advantage of the MA and consolidation 
process is the ability to produce a wide range type of materials, including nanostructured 
composites. In the mechanical alloying stage, the nanostructured powders with sizes of few to 
tens of nanometers are synthesised from coarser powders of metals, alloys, oxides, or carbides 
in the high-energy ball mill [46, 48]. A schematic picture of the mechanical alloying stage is 
shown in Figure 2.2a. Afterwards, these nanostructured powders are subjected to the 
consolidation stage through conventional sintering technology at high temperatures (i.e. beyond 
50% of melting temperature) to achieve full densification with no porosity [46]. However, the 
high temperature sintering process induces normally grain coarsening of the nanocrystalline 
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materials and undesirable phase transformations, thus alternative consolidation techniques are 
needed. Currently, novel consolidation techniques of nanostructured powders have been 
developed at significantly lower temperatures involving external pressure or shear, for instance, 
hot isostatic pressing (HIP) [68, 69, 70], field-assisted sintering technology (FAST) [71, 72, 
73], and equal channel angular extrusion (ECAE) [48, 74, 75]. Figure 2.2(b-d) depict schematic 
illustrations of the consolidation stage through different techniques. Bulk nanocrystalline 
materials with a grain size of 50-70 nm can be produced through the MA and novel 
consolidation processes, but no further grain refinement was reported. According to literature 
[46], the major problems in the processing of nanocrystalline materials through the MA and 
consolidation processes are expensive production cost, complex and difficult consolidation 
stage (minor grain coarsening and porosity), and the contamination of milled powders. 
Therefore, further development is needed to overcome the difficulties. 
 









Figure 2.2 Schematic pictures of (a) mechanical alloying process (from [48]) and (b-d) consolidation stage through 
different techniques: (b) Hot isostatic pressing (HIP) (from [76]), (c) fast-assisted sintering technology (FAST) 
[from [72]], and (d) equal channel angular extrusion (from [48]). 
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The production of bulk nanocrystalline materials is also possible through the pulsed 
electrodeposition (PED) technique. The PED-process is a simple route of production with a low 
capital cost of investment [4]. The technology transfer of PED-process from the laboratory to 
the industrial scales are relatively easy [4]. Previous works have shown that the production of 
the bulk nanocrystalline pure metals with thicknesses of hundreds micrometer to few 
millimeters is possible through the PED-process [40, 25, 22, 42, 44, 39]. The production of bulk 
nanocrystalline alloys including the Co-Cu system with thicknesses of hundreds of micrometers 
is also possible in particular circumstances [29, 77, 78, 79, 80]. In the PED-process, the 
synthesis of the nanocrystalline materials with grain size of few to tens of nanometers (5-50 
nm) is possible, which is difficult to achieve through SPD- and MA-processes. This would be 
a crucial opportunity to understand the mechanical and physical properties of bulk 
nanocrystalline materials with a  different size range of microstructure compared to SPD- and 
MA-processed nanocrystalline materials. In addition, the PED-process does not need any 
compaction and consolidation process, which are crucial issues in the SPD-(from powder) and 
the MA-processes. However, the PED-process has limitations to produce a wide range of 
materials, whereas only selected metals and alloys can be electrochemically deposited. 
Furthermore, incorporation of some impurities (e.g. sulphur, carbon, hydrogen) during the 
PED-process may have a crucial impact on mechanical and physical properties of 
nanocrystalline materials. 
The synthesis of bulk nanocrystalline materials through the SPD, the MA and 
consolidation, and the PED processes has distinct advantages and challenges. Synthesis of the 
bulk nanocrystalline Co-Cu through the MA and consolidation has not been reported yet. The 
nanocrystalline Co-Cu with a grain size of ~90 nm can be obtained through the SPD-processes 
from pre-compacted powders of Co and Cu [13, 16, 27]. The thermal stability, structural 
transformation, and mechanical properties of the bulk HPT-processed nanocrystalline Co-Cu 
have been also investigated [38, 16, 27]. The synthesis of the PED-processed bulk 
nanocrystalline Co-Cu with thicknesses of hundreds of micrometers has been also performed 
[77, 29]. However, further developments relating to inhomogeneous microstructure and 
dimensional scale-up are needed. The information about the thermal stability, mechanical and 
physical properties of PED-processed nanocrystalline Co-Cu is also limited. Therefore, further 
investigation and development is needed. In addition, the nanocrystalline materials processed 
through SPD and PED may exhibit different characteristic of microstructures (e.g. grain size), 
lattice defects (e.g. dislocations and twins) and processing flaws (e.g. porosity and 
contaminants), which have a significant impact on the properties of these materials. In the 
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present work, further investigation and development on the synthesis and characterisation of 
the PED-processed nanocrystalline Co-Cu are conducted to get a more comprehensive 
understanding of these types of materials. 
 2.2 Pulsed electrodeposition of nanocrystalline materials 
2.2.1. Theory of pulsed electrodeposition of nanocrystalline materials 
In the electrodeposition of metals and alloys, deposition parameters (e.g. working potential 
and current) have a significant influence on the properties of the electrodeposited materials, 
including the initial grain size. In this part, the fundamental theory of the electrodeposition of 
nanocrystalline materials is described. The electrochemical deposition reaction of a pure metal 
(M) at the cathode in the solution containing of metal ions (𝑀𝑛+) is commonly written as [2.1]. 
The equilibrium potential (Eeq) between metal (M) and metal ions (𝑀𝑛+) at the cathode can be 
calculated through the Nernst equation [2.2] which depends on the actual molar concentration 
(𝐶𝑀𝑛+) and the activity coefficient (𝛾𝑀𝑛+) of metal ions. The quantities of E
0, R, T, n, and F are 
the standard reduction potential, the ideal gas constant, the absolute temperature, the number of 
involved electrons, and the Faraday’s constant, respectively. 
𝑀(𝑎𝑞)





𝑙𝑛(𝐶𝑀𝑛+ . 𝛾𝑀𝑛+)     [2.2] 
The equilibrium potential is a half-cell potential in the absence of an applied current (I). 
Upon the deposition of metal at cathode, the applied current (I) flows through the cathode and 
the potential move to more negative values (working potential E). The difference between the 
working potential (E) and the equilibrium potential (Eeq) is called as overpotential (η). The 
current density (i = I/A, where A is a surface area of cathode) is a function of the overpotential 
(η) as expressed by the Butler-Volmer equation [2.3], whereas i0, α, n, F, R, and T are the 
exchange current density, the transfer coefficient, the number of involved electrons, the 
Faraday’s constant, the gas constant, and the absolute temperature, respectively.  
𝑖 = 𝑖0 ∙ [𝑒𝑥𝑝 (
𝛼𝑎𝑛𝑜𝑑𝑒𝑛𝐹
𝑅𝑇
𝜂) − 𝑒𝑥𝑝 (−
𝛼𝑐𝑎𝑡ℎ𝑜𝑑𝑒𝑛𝐹
𝑅𝑇
𝜂)]    [2.3] 
The deposition of metals (cathodic process) is usually conducted at large negative values 
of overpotential (η ≥ 100 mV). The adaptation of this condition to the cathodic process of 
Butler-Volmer equation [2.3] gives the Tafel equation [2.4]. Schematic diagrams of the Butler-
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Volmer [2.3] and the Tafel [2.4] equations are shown in Figure 2.3. 






log |𝑖|    [2.4] 
 
    
Figure 2.3 Schematic diagram of low-field and high-field approximations to the Butler-Volmer for a single 
electrode process (adapted from [81]). 
 
    
(a) 
  
    
(b) 
Figure 2.4 Schematic pictures of (a) dependence of the free energy of nucleation (ΔG) on n-atomic nucleus at the 
different thermodynamic supersaturation (Δµ1 < Δµ2 < Δµ3) and (b) the critical n-atomic nucleus (n*) as a function 
of the thermodynamic supersaturation (Δµ) (adapted from [82] and [83]). 
The Buttler-Volmer [2.3] and Tafel equations [2.4] are important to understand the 
overpotential-current density relation which has a direct impact on the grain size of deposited 
materials. According to the classical theory of electrochemical nucleation [84, 85], the 
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electrodeposition of materials starts with step-by-step deposition of atoms to form an atomic 
nucleus or cluster developing into a crystal and grain at the cathode. Upon the nucleation stage, 
the thermodynamic supersaturation (Δµ), which is a function of overpotential η (Δµ = z.e.η), 
has a direct impact on the free energy of nucleation (ΔG(n)) for n-atomic nucleus as expressed 
in [2.5] [83, 82]. The quantity ϕ(n) is the energy excess of the n-atomic nucleus at the 
nucleus/cathode and nucleus/electrolyte interfaces. The schematic diagrams of the free energy 
of nucleation as a function of n-atomic nucleus at the different thermodynamic supersaturations 
(Δµ) are shown in Figure 2.4a. 
∆𝐺(𝑛) = −𝑛. ∆𝜇 + 𝜙(𝑛)       [2.5] 
The critical free energy of nucleation (ΔG*) is required to form the critical n-atomic 
nucleus (n*), afterwards, a stable nucleus is formed at the electrode surface. Working 
mathematical operation to [2.5] (detail of derivation in [82] and [83]), the critical n-atomic 
nucleus (n*) [2.6] and the critical free energy of nucleation (ΔG*) [2.7] can be determined. The 
quantities 𝑣𝑀 and a* are the molar volume of nucleus substance and the material constant 
relating to the Gibbs-Curie-Wulff theorem, respectively. 














𝑛∗∆𝜇       [2.7] 
According to [2.6] and [2.7], early nucleation at the low critical free energy of nucleation 
(ΔG*) with a small critical number of atomic nucleus (n*) can be obtained by increasing the 
overpotential η (Δµ=z.e.η). Here the size of the critical n-atomic nucleus is established as r*. 
According to classical Gibbs-Kelvin relation (details of derivation in [86]), the critical crystal 
nucleation size (r*) is a function of overpotential (η) [2.8]. The quantities 𝜎, 𝑀, 𝜌, 𝑧, 𝐹 are 
the interfacial tension of the nucleus/electrolyte interface, the molecular weight, the density, the 




         [2.8] 
According to [2.8], reduction of the critical crystal nucleation size (r*) can be achieved by 
increasing the overpotential (η) or current density (i). Therefore, synthesise of the nano-
structured materials (i.e. very small r*) through the electrochemical deposition is possible at 








Figure 2.5 (a) Four different regimes in the current-overpotential relationship showing different mechanism upon 
the electrochemical deposition (from [87]). (b) Schematic diagrams of the concentration profile of metal ions as a 
function of distance from the electrode surface upon the non-steady electrochemical deposition. The concentration 
of metal ions in bulk solution (𝐶𝑂𝑋
𝑏 ) drops significantly at the electrode surface (COX) caused by formation of the 
Nernst diffusion layer (from [87]). 
However, conventional direct current (DC) electrodeposition at extremely high 
overpotentials has a limitation relating to the limiting current density (iL) as shown in the Figure 
2.5a. The limiting current density is a direct impact from the extreme concentration gradient of 
metal ions in the bulk solution and at the electrode surface caused by formation of the Nernst 
diffusion layer as shown in Figure 2.5b. The limiting current density is commonly observed 
during the long-time DC electrodeposition when the concentration of metal ions at the electrode 
surface significantly drops to zero (COX ~ 0), thus, the rate of the deposition is controlled by the 
mass transport of metal ions from the outermost part of the Nernst diffusion layer to the 
electrode surface. The DC electrodeposition is commonly worked below the limiting current 
density, whereas the potential or the current density of the critical nucleation size of 
nanocrystalline formation may be not achieved. In case of the deposition potential was 
achieved, the long-time DC electrodeposition of bulk nanocrystalline materials is difficult 
caused by the concentration drops of metal ions in bulk solution (𝐶𝑂𝑋
𝑏 ) which speeds up the 
establishment of the limiting current density. Modification of the Nernst diffusion layer 
characteristic (i.e. thickness, diffusivity, concentration gradient) plays a key role for depositing 
the bulk nanocrystalline materials. 
In the 1970s to 1980s, the theoretical and practical aspects of the pulsed electrodeposition 
(PED) were introduced as the alternative technique mainly by the research groups of Ibl [88, 
89, 90] and Popov [91, 92, 93, 94]. One of the most crucial aspects in the PED is the 
modification of the Nernst diffusion layer [89], which enhances the concentration of metal ions 
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at the electrode surface. In the PED, the current density (ip) is periodically switched on (ton) and 
off (toff) till the desirable thickness of deposit is obtained (see Figure 2.6a). The negative value 
of the pulse current density (ip < 0) shows the cathodic process. The ratio between the pulse-on 
time (ton) and the pulse-off time (toff) is called as duty cycle (γ) [2.9]. The average current density 




        [2.9] 







Figure 2.6 (a) Schematic diagram of the current density profile (i) as a function of the time period (t) upon the 
pulsed electrochemical deposition (PED). (b) Schematic diagrams of the linear (black solid line) and the actual 
(black dashed line) concentration profiles of metal ions as a function of distance from the electrode surface at the 
end of a single pulse of PED in comparison with the continuous DC electrodeposition (blue solid line and blue 
dashed line) (adapted from [88, 89]). 
Figure 2.6b depicts schematic pictures of the linear (black solid line) and the actual (black 
dashed line) concentration profiles of metal ions in the modified Nernst diffusion layer at the 
end of a single pulse, which comprises the stationary diffusion layer (δs) and the pulsating 
diffusion layer (δp). When the pulse current is on (ton), the concentration of metal ions at the 
cathode decreases which is followed by the formation of the pulsating diffusion layer with a 
thickness of δp. When the pulse current is off (toff), metal ions are supplied from the bulk solution 
towards the cathode which leads to the relaxation of the diffusion layer. In the PED-process, 
the pulse-off time is commonly longer than the pulse-on time for extensive relaxation of the 
diffusion film. The concentration profiles of metal ions at the end of different pulse-off times 
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(T < t1 < t2 < θ, where T = 0) are shown by red dashed lines in Figure 2.6b showing a significant 
effect of the prolonged pulse-off time. It must be noted here that the pulsating diffusion layer 
is not completely disappeared during the off time. When the pulse current is off, the 
concentration of metal ions at the cathode recovers for supplying metal ions (i.e. through the 
diffusion mechanism) from the bulk solution towards the cathode. This transport mechanism 
leads to the formation of the stationary Nernst diffusion layer (δs) from the bulk solution to the 
outermost part of the pulsating diffusion layer (δp). The concentration gradient in the stationary 
diffusion layer does not change when the pulse current is on and off. Figure 2.6b shows that 
the concentration of metal ions in the diffusion layer of the PED-process is significantly higher 
compared to DC electrodeposition (blue solid and dashed lines). As a result, electrodeposition 
of nanocrystalline materials at the extremely high current density (ip > iL,DC-deposition) is possible. 
The PED of nanocrystalline materials is commonly employed at very high deposition rates 
(high ip), which means that the concentration of metal ions at the cathode surface may decrease 
rapidly to zero (𝐶𝑀
𝑒 ~0). The limiting current density (iL,PED) will be reached at this condition. 
The time required for the zero concentration of metal ions at the cathode surface in the single 
pulse is so-called transition time (τ). The pulse-on time (ton) must be significantly shorter than 
the transition time to prevent the occurrence of the limiting current density (iL,PED). The 
derivations of the transition time (τ), the thickness of the pulsating diffusion layer (δp), and the 
concentration of metal ions at the electrode surface (𝐶𝑀
𝑒 ) at the end of a single pulse has been 
explained by Ibl [89]. The current efficiency is assumed 100% with no capacitance effect in the 
diffusion layer, and the metal ions are homogeneously distributed just before the first pulse 
current. According to derivation, the transition time (τ) is dependent on the pulse current density 
(ip) and the concentration of metal ions in the bulk solution (𝐶𝑀
𝑏 ) as shown in [2.11]. The 
quantity D is the diffusion coefficient of the metal ions. The thickness of the pulsating diffusion 
layer (δp) depends only on the pulse-on time (ton) as shown in [2.12]. The concentration of metal 
ions at the electrode surface at the end of a single pulse (𝐶𝑀
𝑒 ) is a function of the pulse current 



























Figure 2.7 (a) Schematic diagrams of the pulsating diffusion layer profiles during the very initial single pulse of 
the PED-process (adapted from [89]) for the same pulse current density (ip) at different pulse-on times (t’ < T < 
τ). (b) Schematic diagrams of the modified Nernst diffusion layer profiles (i.e. comprise the pulsating diffusion 
layer and the stationary diffusion layer) at the end of a single pulse of the PED at the same pulse current density 
(ip) at different pulse-on times (t’ < T < τ < t*) (adapted from [89, 95]). 
Figure 2.7a shows the schematic diagrams of the concentration profiles of metal ions as a 
function of distance from the electrode surface at different pulse-on times (t’ < T < τ) relating 
to the equations [2.11]-[2.13]. The pulse-on time (ton) has a crucial role in the PED of 
nanocrystalline materials at very high pulse current density. For ton < τ, higher concentrations 
of metal ions at the cathode surface with thinner pulsating diffusion layers can be observed at 
shorter pulse-on times. It must be also considered that the pulse-on time has a direct impact on 
the characteristic of stationary diffusion layer. Figure 2.7b depicts more realistic condition of 
the concentration profiles of metal ions at different pulse-on time (t’ < T < τ < t*) at the end of 
a single pulse showing different profiles of the pulsating and the stationary diffusion layers. 
The concentration gradients in the stationary and the pulsating diffusing layers are proportional 
to the average (iavg) and the pulse (ip) current densities, respectively [89]. For ton < τ, the gradient 
concentrations in the stationary diffusion layer decreases prior to a shorter pulse-on time and 
smaller average current density, but the gradient concentrations in the pulsating diffusion layer 
remain the same. For ton > τ, the gradient concentration in the pulsating diffusion layer and pulse 
current density, which may show the formation of nanocrystalline materials with coarser grain 
size. In addition, nanocrystalline materials with compact and non-dendritic structure may not 
be achieved when ton > τ  [96]. In the PED-process of nanocrystalline materials, short duration 
of pulse current with small pulsating diffusion layer (δN/δp > 3) is preferred to gain an extremely 
high pulse current density [88, 89]. However, the nucleation and growth of a stable nano-sized 
structure requires a minimum pulse-on time (tmin). Thus, the pulse-on time is usually employed 
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between the minimum and transition times (tmin < ton < τ) for producing compact deposits of 
nanocrystalline materials. 
The successful PED-process at extremely high pulse current density (ip) does not depend 
only on the pulse-on time (ton), but the pulse-off time has also a crucial impact. The influence 
of the pulse-off time (toff) is mainly on the recovery of metal ion concentration at the cathode 
surface and relaxation of the diffusion layer (see Figure 2.6). The displacement reaction [33, 
97, 98, 99], desorption of additives and impurities (e.g. sulphur, hydrogen, and carbon) [88, 99, 
100, 101], and reduction of processing flaws (e.g. porosity and internal stresses) [88, 91, 102, 
103, 104] are other possible mechanisms when the pulse current is off. In the previous works 
[49, 50, 77, 96, 105], the successful PED-process of bulk nanocrystalline Cu, Co, and Co-Cu 
were performed at the typical pulse-on time of less than 10 ms and a long off period (i.e. duty 
cycles of less than 50%). A more detailed discussions on the effect of deposition parameters on 
the properties of nanocrystalline Cu, Co, and Co-Cu is reviewed in the next section. 
2.2.2 Electrodeposition of nanocrystalline Co, Cu, and Co-Cu 
Electrolyte composition 
In the electrodeposition of nanocrystalline Cu, Co, and Co-Cu, the electrolyte may 
comprise some ingredients, which are salts containing Co or Cu (e.g. CuSO4 and CoSO4), 
conducting salts (e.g. NaCl and Na2SO4), pH adjuster (e.g. sulfuric acid) and/or buffer solution 
(e.g. boric acid), complex former (e.g. citrate and tartrate), and additive (e.g. saccharine and 
sodium dodecyl sulphate). Each component has a significant impact on the properties of 
deposits, so controlling concentration and types of the individual components will be crucial. 
Previous works have been successfully produced nanocrystalline Co, Cu, and Co-Cu through 
direct- and pulsed current electrodeposition in various bath compositions. The electrolyte 
compositions used in these works are summarized in Table 2.1. 
The salts containing Co or Cu are the most important part of the electrolyte. Co or Cu salts 
could be in various forms such as sulphates, chlorides, acetates, and others. These salts have 
different characteristics in the electrolyte such us different solubility, dissociation degree, and 
conductivity. Combining different Co or Cu salts in the single bath of electrodeposition is 
commonly used to achieve particular characteristics of the electrolyte. Concentration of salts 
must be controlled to ensure a sufficient supply of Co or Cu ions during deposition. Additional 
Co or Cu ions can be supplied through titration techniques or dissolution of Co or Cu anodes. 
Electrodeposition of multi-component metals is more complicated, whereas individual 
components may have different electrochemical behaviour and degree of nobility such as 
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standard reduction potential, Tafel slope, and exchange current density. The concentration of 
individual salts (i.e. with controlling other parameters) must be controlled carefully to obtain 
deposit with desired chemical compositions and microstructures. 
The conducting salts are crucial to enhance the conductivity of the electrolyte. The 
electrolyte conductivity is related to ionic transport and mobility and must ensure to be high 
enough for high current efficiency and high deposition rate. In the PED-process, the pulsed-on 
time in a single pulse is usually very short (could be in µs or ms), thus the solution must be 
highly conductive to ensure the vast transport of metal ions towards the cathode surface. Some 
alkali salts such as sodium sulphate and sodium chloride are usually added to enhance 
conductivity.  
The solution acidity is usually kept at a certain level to get certain characteristics of the 
deposits. Upon the electrodeposition at high current density, side reactions such as hydrogen 
and oxygen evolutions can be observed at the electrode surfaces indicated by bubbles formation. 
These side reactions may consume or generate hydrogen ions, which results in the alteration of 
solution acidity. The change of solution acidity may influence the homogeneity of the 
microstructure of the deposits. A buffer solution (e.g. boric acid) is usually added to the initial 
electrolyte, while some strong acid (e.g. sulphuric acid) or base (e.g. sodium hydroxide) 
solution is usually added during deposition if solution acidity changes (i.e. solution pH usually 
measured for a certain period during deposition). 
Complex former improves certain characteristic of metal ions in the aqueous solution. In 
the absence of complex former, metal ions (i.e. in this case Co and Cu ions) are usually hydrated 
by some water molecules in the electrolyte as expressed in [2.14]. These water molecules could 
be a barrier in the electrodeposition process caused by different ionic characteristics of hydrated 
ions compared to free metal ions. The size of hydrated metal ions is significantly bigger 
compared to free metal ions, which has a direct impact on the decrease of ionic mobility [106]. 
Reduction of ionic mobility can also be caused by interaction of hydrogen atoms in hydrated 
metal ions with surrounding hydrogen atoms of the water molecules (i.e. hydrogen bonding) 
[105]. In addition, the deposition reaction of metals from hydrated metal ions may need 
additional energy (i.e. energy for dissociation), which decreases the actual rate of nucleation 
and deposition. Desired characteristics of the deposition process (i.e. small nuclei formation for 
nanocrystalline) may not be achieved under this condition. Other molecules should be added to 
substitute these water molecules to change the ionic characteristics, for instance, through the 
formation of complex metal ions (see complexed ion formation in [2.15]). The formation of 
complex metal ions simply enhances ionic mobility compared with hydrated metal ions and 
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improves overall deposition process. Some organic and alkali-organic compounds are usually 
added to form complex metal ions, for instance, citrate, tartrate, acetate, and others. The 
concentration of complexing agents should be stoichiometrically proportional with the 
concentration of free metal ions to ensure complete complexed ion formation.  
𝑀(𝑎𝑞)
𝑛+ + 𝑧𝐻2O → [𝑀(𝐻2𝑂)𝑧]
𝑛+      [2.14] 
𝑀(𝑎𝑞)
𝑛+ + 𝑧(𝐿𝑖𝑔𝑎𝑛𝑑)𝑚− → [𝑀(𝐿𝑖𝑔𝑎𝑛𝑑)𝑧]
(𝑛−𝑚)    [2.15] 
The last electrolyte ingredient are additives, which are usually added to achieve particular 
characteristics of the deposits, for instance, grain refiner/modifier, stress reliever, leveller, 
surface smoother, and others. Additives are commonly organic compounds such as saccharin, 
sodium dodecyl sulphate (SDS), diNa-EDTA, thiourea, and others. Sometimes, complexing 
agent and additive could be the same compound, but its concentration is different. The 
concentration of additives is usually very small compared with the concentration of complexing 
agent (i.e. usually less than 1% of the metal salt concentration). The concentration of additives 
must be considered carefully, whereas high concentration of additives may have side effects on 
deposits, for instance, formation of micro-pores, high internal stresses, undesired chemical 
compositions, increase of grain size, and co-deposition of impurities (e.g. sulphur and carbon). 
Various electrolyte compositions have been used in electrodeposition of nanocrystalline 
Co, Cu, and Co-Cu as shown in Table 2.1. Some works performed the production of bulk 
nanocrystalline Cu, Co and Co-Cu with thicknesses of tens to hundreds of micrometers through 
direct- and pulsed-currents [8, 29, 31, 32, 42, 44, 77, 107, 108]. Here, we discuss particularly 
the deposition of nanocrystalline Co-Cu alloys. The Co and Cu salts which are commonly used 
are in sulphate form. The initial concentrations of Co- and Cu-sulphate can be adjusted by 
considering expected chemical composition and thicknesses of the deposits. Of course, pulse 
parameters (e.g. pulse current density and pulse-on and -off time) have also a significant 
contribution on chemical composition and thicknesses of the deposits (this point will be 
reviewed in the next sub-section). For a deposition of Co-rich nanocrystalline Co-Cu layers 
with thicknesses of >10 µm [29, 31, 32, 77], the concentration of Co-salt is usually higher than 
0.4 M, whereas Cu-salt concentration could be by 10-fold magnitude lower. 
Some works in electrodeposition of thick layers (>100 µm) of nanocrystalline Co, Cu, and 
Co-Cu [29, 42, 44, 77, 107, 108] showed that the addition of conducting salt was important to 
ensure high electrolyte conductivity. An improved conductivity enhances transport mechanism 
of Co and Cu ions and produces good properties of deposits. A common conducting salt is 
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sodium sulphate with concentrations of up to 1.0 M. This concentration can be adjusted 
depending on the desired condition of electrolyte and deposits. Boric acid is a common buffer 
solution in electrodeposition of nanocrystalline Co and Co-Cu to maintain the solution acidity 
with typical concentrations of 0.1 M to 0.5 M as shown in previous works [29, 77, 108]. 
Sulphuric acid can be used also to adjust the initial pH of solution. 
Table 2.1 The example of electrolyte composition used in direct- and pulsed-current electrodeposition of 
nanocrystalline Cu, Co, and Co-Cu from various literatures. Detailed information about the deposition parameters 
(current density, pulsed duration, and other) are summarised in Table 2.2. 
Ref Component Conc. Important remark 
[105] 
Cu salt CuSO4.H2O 128 g/L PED of nanocrystalline Cu in the bath containing 
different organic compound. The addition 
complex former significantly reduced the grain 
size from 50 nm (without complex former) to 29 
nm (citric acid) and 20 nm (DiNa-EDTA). 
Increasing concentration of citric acid (up to 100 
g/L) led to further grain refinement. Malonic and 
tartaric acid led to the formation of coarse 
grained of with strong polycrystalline texture. 
Conducting salt (NH4)2.SO4 50 g/L 
Complex former Citric acid 21 g/L 
DiNa-EDTA 42 g/L 
Additive Malonic acid 12 g/L 





Cu salt CuSO4 NA 
Electrodeposition of nanocrystalline Cu with 
grain sizes of 23-30 nm [8, 42]. PED-process of 
ultrafine grain sized of Cu (300-1000 nm) with 










Cu salt Cu(CH3COOH)2.H2O 100 g/L DC electrodeposition of nc Cu. No significant 
change of grain size from all electrolyte (10-18 
nm). Deposits with a preferred (220) orientation 
obtained in the absence of additive and with 
additive (3). In the presence of additives (1) and 
(2), deposits showed a preferred (111) 
orientation. Saccharin is a brightener not a grain 
refiner. Compact deposits were obtained from 
bath containing additives (1) and (3). 
Complex former Methane sulphonic acid 90 ml/L 
Buffer Na(CH3COOH) 20 g/L 
Additive (1) Thiamine hydrochloride 0.25g/L 
(2) Saccharin 0.25 g/L 
(3) C10H9NO4S 0.25 g/L 
[110] 
Cu salt CuSO4 200 g/L DC electrodeposition in the absence and 
presence of additives. All deposits showed a 
preferred (220) orientation. Additives are 
effective grain refiner (i.e. without and with 
additives are ~80 nm and <30 nm, respectively). 
Additives led to the formation of more dense 
deposits. 
pH adjuster H2SO4 54 g/L 
Additive (1) Benzotriazole 0.5 g/L 
(2) Sodium lauryl sulphate 0.1 g/L 
[111] 
Cu salt CuSO4.5H2O 0.05 M DC electrodeposition of nc Cu. Lactic acid led to 
deposits smooth, compact and bright nc Cu 
films. Cathodic efficiency is high (>80%). 
Particle size ranged 25-30 nm and could be 
coarser with increasing temperature.  
Complex former Lactic acid 0.30 M 
Conducting salt 
Na2SO4 0.10 M 
[112] 
[113] 
Co salt CoSO4.7H2O 0.200 M 
DC electrodeposition of ~40 nm thick of 
nanocrystalline Co deposits at pH of 4.5. 
Nanocrystalline Co has hcp-structure with 
average grain sizes of 71-81 nm. 
Complex former Sodium citrate 0.600 M 
pH adjuster H2SO4 0.100 M 
Additive DiNa-EDTA 0.025 M 
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Ref Component Conc. Important remark 
[108] 
Co salt CoSO4.7H2O 112 g/L Electrodeposition of nanocrystalline Co (thick: 
100-150 µm) with different mode of current: 
direct, pulsed, and pulsed-reverse currents. All 
deposits consisted of hcp-structure with different 
preferred orientation. Grain size: DC (~51 nm) > 
Pulsed (~36 nm) > Pulsed-reverse (~11 nm). No 
information about effect of electrolyte 
composition on the characteristic of deposits. 
Complex former Sodium citrate 59 g/L 
Conducting salt Na2SO4 100 g/L 
Buffer H3BO3 19 g/L 
Additive Saccharin sodium 2 g/L 







Co salt CoSO4 
Not 
mentioned 
PED of thick deposits (50-250 µm) nc Co. 
Saccharin is stress reliever and grain refiner. 
Grain sizes is 12-20 nm. Saccharin concentration 
was varied to get different content sulphur in 
deposits [23]. PED-process of ~50 µm thick 
nanocrystalline Co at various pulsed current 
density and pulsed duration with smallest grain 









Co and Cu salts CoSO4.7H2O 0.40 M [29] DC deposition of nc Co-Cu (76 at% Co) in 
citrate-bath at a current density of 300 A/m2. 
[77] PED of nc Co-Cu (40-80 wt% Co) in bath 
containing citrate or tartrate. Deposition at high 
current density (up to 1500 A/m2) from tartrate 
bath showed compact deposits of 
nanocrystalline Co-Cu, whereas no porosity 
observed in contrast to citrate bath. Cu content 
and grain size increased with increasing Cu 
concentration in the electrolyte. Saccharin 
reduced deposition of Co, increased deposition 
of Cu. SDS led to deposition of Co. . 
CuSO4 (varied) 0.04 M 
Conducting salt Na2SO4 1.00 M 
Buffer H3BO3 0.30 M 
Complex former KNa-tartrate.4H2O 0.20 M 
Na3-citrate-4H2O 0.20 M 
Additive Saccharin 2.00 g/L 




Co and Cu salts CoSO4.7H2O 1.000 M DC deposition of 10 µm thick nc Co-Cu (93 wt% 
Co) with nanoscale lamellar structure. The pH of 
solution was adjusted to 5 by H2SO4. Saccharin 
acted as grain refiner, whereas nano grains could 
be obtained at significantly lower current density 
in contrast to deposition with no additive. 
CuSO4.5H2O 0.025 M 
pH adjuster H2SO4 NA 
Additive Saccharin (only in ref [37]) 0.015 g/L 
[33] 
Co and Cu salts CoSO4.7H2O 0.60 M Pulsed plating of ~500 nm thick nanocrystalline 
Co-Cu (0.6-73 wt% Co) at fixed pulsed current 
density (400 A/m2) and varied pulsed-on and -
off time with high current efficiency (>70%). 
The typical grain sizes are 5-55 nm with 80% of 
grains below 20 nm. Saccharin promoted the 
phase separation of Co-Cu, whereas fcc (Co and 
Cu) and hcp (Co) were detected. 
CuSO4.5H2O 0.15 M 
Complex former Trisodium-citrate-2H2O 0.30 M 
Buffer H3BO3 0.48 M 
Additive Sodium dodecyl sulphate 0.20 g/L 
Saccharin 0.10 g/L 
[97] 
Co and Cu salts CoSO4 0.300 M 
PED of 1.5 µm thick nanocrystalline Co-Cu (< 
50 at% Cu) at pH = 4 (adjusted by H2SO4 
addition). Saccharin is a gain refiner and it 
suppressed dissolution of Co as well as reduced 
deposition of Cu. SDS led to displacement of Co 
by Cu during off-time and deposition of 
columnar structure of Co-rich phase with Cu-
rich matrix. SDS and saccharine led to the 
formation of fcc structure. 
CuSO4 0.005 M 
Buffer H3BO3 0.400 M 
Complex former Sodium acetate 0.100 M 
pH adjuster H2SO4 NA 
Additive Saccharin 2.0 g/L 
Sodium dodecyl sulphate 0.2 g/L 
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Ref Component Conc. Important remark 
[98] 
Co and Cu salts 
CoSO4.7H2O 0.700 M Pulsed plating of thin layer (up to 1.3 µm thick) 
Co-Cu alloy (<50 at% Cu) at fixed pulsed 
current density and duty cycle at various off-
times. Columnar structure as well as multilayer 
of Co-Cu with two phases of Co-rich and Cu-
rich regions were observed indicating 
displacement reaction of Co by Cu. The FC99 
additive used to reduce the surface tension and 
pit formation caused by evolution of hydrogen 
gas bubbles. 
CuSO4.5H2O 0.025 M 
Complex former 
Trisodium-citrate-2H2O 0.180 M 




There are various types of complex formers used in electrodeposition of nanocrystalline 
Co, Cu, and Co-Cu. A citrate-based solution was commonly used as complex former in 
electrodeposition of very fine grained Co and Co-Cu [29, 77, 108]. Electrodeposition of 
nanocrystalline Cu in a bath containing citrate was only performed by Hempelmann et al. [105]. 
Interestingly, investigations by Müller [77] showed that 400-500 µm thick deposits of 
nanocrystalline Co-Cu could be obtained from a bath containing tartrate as complex former 
with a homogeneous chemical composition and microstructure and no porosity was observed 
even at a high current density (1500  A/m2). This condition could not be obtained from a bath 
containing citrate. This observation is important for improving the deposition of bulk 
nanocrystalline Co-Cu with a good homogeneity of microstructure and chemical composition 
and low processing defects (e.g. porosity). 
Saccharin has been used regularly as an additive in electrodeposition of nanocrystalline 
Co, Cu, and Co-Cu. Saccharin acts mainly as grain refiner. This additive is effective to produce 
nano-structured grains even at significantly lower current density in comparison with a 
deposition with no additive as shown in [37]. Deposition at lower current density is crucial to 
decrease the possible hydrogen generation, which may reduce current efficiency and hydrogen 
embrittlement. Saccharin may also act as crystal growth inhibitor, whereas the formation of 
undesired structures (e.g. dendritic structure) can be suppressed. In the pulsed deposition of 
nanocrystalline metals, saccharin has also a contribution on the chemical composition by 
inhibiting Co displacement reaction by Cu ions when the pulsed current is off. Figure 2.8a 
shows that the concentration of saccharin has a direct impact on grain refinement in the PED-
process of nanocrystalline Ni [115]. It shows that 2-5 g/L saccharine is an optimum range to 
deposit nanocrystalline materials with grain sizes of below 30 nm. Higher concentration of 
saccharin is not effective for further grain refinement. Deposition in a bath containing saccharin 
led to co-deposition of sulphur and carbon impurities as shown in Figure 2.8b [115]. Sulphur 
and carbon impurities may have a good impact on the improvement of thermal stability of 
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nanocrystalline materials through the segregation to grain boundaries [14, 23], but it has also 
undesired effects on the mechanical properties, e.g. grain boundary embrittlement [25]. Other 
additive such as sodium dodecyl sulphate (SDS) can also be included in the bath electrolyte 
with smaller concentration (i.e. usually lower than 0.2 g/L) to support grain refinement and 
improve quality and compactness of deposits. SDS were also reported to promote dissolution 







Figure 2.8 Effect of saccharin concentration in bath electrodeposition on (a) grain size, (b) sulphur (square) and 
carbon (circle) contents in the PED-processed nanocrystalline Ni deposits (from [115]). 
Electrodeposition parameters: current density and pulse duration 
In DC electrodeposition, there is only one parameter (i.e. current density) that can be 
controlled. On the other hand, there are three crucial parameters in the PED-process which are 
pulse current density, pulse-on and –off time. Controlling these parameters is important to 
obtain different characteristics and microstructures of the deposit. Especially the peak current 
density is a crucial parameter in electrodeposition of nanocrystalline materials. A high current 
density is needed to deposit small nuclei resulting in nanostructured grains. Therefore, the 
minimum value of deposition current densities that is resulting in nanocrystalline Co, Cu, and 
Co-Cu are reviewed from previous works. In the PED-process, pulse duration has a significant 
impact on the properties of deposit, for instance, on chemical composition, grain size, 
crystallographic orientation, and others. A summary of deposition parameters used in the 
previous works of electrodepositing nanocrystalline Co, Cu, and Co-Cu is shown in Table 2.2. 
According to previous works shown in Table 2.2, the minimum current density (i.e. direct- 
and pulse-current) for depositing nanocrystalline Cu was 200 A/m2 [109, 110] and it must be 
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higher for deposition of nanocrystalline Co and Co-Cu due to the more negative standard 
reduction potential of Co. The works showed that production of bulk nanocrystalline Co, Cu 
and Co-Cu with thicknesses of hundreds of micrometers was difficult to achieve through direct-
current electrodeposition [31, 32, 37, 42, 112, 113]. Thick layers of nanocrystalline deposits up 
to 500 µm could be synthesised through the PED-process. It is believed that further process 
optimisation in PED may produce thicker layer of nanocrystalline metals and alloys. According 
to previous works, PED of nanocrystalline Co, Cu and Co-Cu was commonly performed at 
pulse current densities of hundreds to thousands A/m2, which cannot be done under 
conventional DC electrodeposition caused by the limiting current density. Deposition at higher 
current densities can produce smaller size of grain. The working duty cycle should be between 
10-50%, but working duty cycle of higher than 30% might lead to a higher number of pore 
formation [77]. The pulse current density could be as high as hundreds of thousands A/m2 by 
reducing duty cycle to less than 5% for producing a high-density of nano twins [50, 105, 107], 
but this range of deposition parameter is not studied in this thesis. 
Table 2.2 Examples of deposition parameters (direct and pulse current density, pulse-on and –off time) used in 
electrodeposition of nanocrystalline Cu, Co, and Co-Cu from various literatures. The quantities of idc, ipulsed, ton, 
and toff are direct current density, pulse current density, pulse-on time, and pulse-off time.  







PED of nc Cu 
ipulsed = 12500 A/m2 
ton = 1 ms 
toff = 100 ms 
NA 
No-add: 50 nm 
EDTA: 20 nm 
Citric: 29 nm 
Pulsed parameters were varied. The biggest grain 
size (83 nm) was obtained at ipulsed = 780 A/m2, ton = 
1 ms, and toff = 6 ms (θ = 14.3%).   
Deposition at 20-60 °C produced nc structure with 




PED of nc Cu 
ipulsed = 4.105-1.106 A/m2 
ton = 0-50 ms 
toff = 1000-3000 ms 
30 µm 
300-1000 nm 
Avg: 400 nm 
Ultrafine grain sized of Cu (300-1000 nm) with 
nano-scale twin spacing (15 nm). Specific 
information about pulsed parameters are not 
available. 
[109] 
DC deposition of nc Cu 
idc = 200 A/m2 
NA 10-18 nm 
The biggest grain size (18 nm) deposited in bath 
containing no organic additive. 
[110] 
DC deposition of nc Cu 
idc = 200 A/m2 
NA 20-80 nm 
The biggest grain size (80 nm) deposited in bath 
containing no organic additive. 
[112] 
[113] 
DC deposition of nc Co 
idc = 400-500 A/m2 
~40 µm 71-81 nm 
Nc Co deposits exhibited a hcp-structure. Surface 
roughness increased with increasing current density. 
[108] 
DC deposition of nc Co 
idc = 400 A/m2 
PED of nc Co 
ipulsed = 2000 A/m2 
ton = 0.2 ms; toff = 0.8 ms 
~100 µm 
DC dep: ~50 nm 
PED: ~35 nm 
DC and PED processes at the same deposition rate 
(400 A/m2) resulted nc Co with hcp structures. 
Pulsed current promoted a (002)-hcp peak. Nodular 
(size 5-30 µm) and hay-stick (size 2-5 µm length) 
surface structures were observed from deposits with 
direct- and pulsed-current, respectively.  
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PED of nc Co 
ipulsed = 1.104-3.105 A/m2 
ton = 1-5 ms 




In ref [7, 23, 39, 40], details of deposition parameters 
were not mentioned. Ref [50] described range of 
deposition parameters and suggested duration of 
pulsed-on and -off time at 2.5 and 45 ms, 
respectively. Deposition at higher current density 
caused a burned deposit. Nc Co deposits exhibited 
mixed of hcp and fcc structures. 
[114] 
PED of nc Co 
ipulsed = 500-4000 A/m2 
ton = 0.2 ms 
toff = 0.8 ms 
NA 18-220 nm 
Minimum current density to deposits nc Co (<100 
nm) was 1500 A/m2. Nc Co deposits exhibited a hcp-
structure. 
[29] 
DC deposition of nc 
Co-Cu 
idc = 300 A/m2 
NA 50-150 nm 
Deposition of nc Co-Cu (76 at% Co) with fcc-
structure. Exact value of grain size was not 
mentioned, but SEM and TEM measurement 
showed that grain sizes are 50-150 nm. 
[77] 
PED of nc Co-Cu 
ipulsed = 500-1500 A/m2 
ton = 1 ms 
toff =  2.33 ms 
300-500 
µm 





Deposition in two different complex formers (citrate 
and tartrate). Co content increased (40-80 wt% Co) 
with increasing current density (500-1500 A/m2). 
More compact deposits with less porosity from 
citrate-bath deposits (compared with citrate-bath). 
Nc Co-Cu contained of fcc-structure. 
[33] 
PED of nc Co-Cu 
ipulsed = 400 A/m2 
ton + toff = 10 ms 
ton = 1-5 ms 
toff =  5-9 ms 
~0.5 µm 
At ton = 1 ms 
GS: 5-55 nm 
Avg: 17.1 nm 
Pulsed duration: ton + toff = 10 ms. Nc Co-Cu with 
fcc-structure were deposited. Hcp-Co observed with 
saccharin addition. Co content increased (19.4-51.5 
wt% Co) with increasing on-time (1-5 ms). At ton ≥ 




DC deposition of nc 
Co-Cu 
idc = 400 A/m2 
10 µm GS: 110 nm 
Deposition of nanocrystalline Co-Cu (93 wt% Co) 
deposit with nano-scale lamellar structure. Average 
grain size was 110 nm with 3 nm lamellar spacing. 
[97] 
PED of nc Co-Cu 
ipulsed = 400 A/m2 
Duty cycle = 20% 
ton = 0.001-100 s 
toff = 0.004-400 s 
1.5 µm 
At ton = 500 ms 
GS: 10-15 nm 
Cu content decreased and Co content increased with 
increasing on-time at the same duty cycle of 20%. 
Cu content is higher than 30at% at ton < 1 s and it is 
20-25 at% Cu at ton > 1 s. 
Short pulsed (ton = 50-500 ms) produced a columnar 
structure with Co-rich phase with surrounding Cu-
rich matrix. Long pulsed (ton = 50 s) produced a 
multilayer Co-Cu with thickness layers of Co and Cu 
are 120 nm and 60 nm, respectively. 
 
In the PED of nanocrystalline pure Co or Cu, deposition parameters have a powerful 
impact on the microstructure of the deposit. It is even more complicated in the PED-process of 
nanocrystalline Co-Cu. Previous works [33, 77, 97] showed that the pulse duration (i.e. on- and 
off-time) had significant effects on the chemical composition and microstructure of 
nanocrystalline Co-Cu. A work by Müller [77] observed an inhomogeneous microstructure of 
Co-Cu deposits (i.e. nano-sized grains at the next to the substrate and ultrafine-grains at the 
next to the solution) at a pulsed current density of 500 A/m2. Hence, the pulse current density 
should be higher to ensure the formation of deposits with homogeneous nanostructure. 
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According to Müller [77], production of homogeneous nanocrystalline Co-Cu deposits was 
possible at the pulse current densities of 1000-1500 A/m2. However, one must be careful since 
deposition at these high current densities may lead on hydrogen generation, which reduces 
current efficiency, induces pores, and incorporation of hydrogen atoms. Regarding pulse 
duration, a higher Cu content could be obtained by increasing off-time and decreasing on-time 
and duty cycle. It has been shown that the displacement reaction of deposited Co by Cu ions 
occurs when the current is off [33, 97], which is caused by the significantly different standard 
reduction potential of Co and Cu. Prolonged pulse-on and -off times up to thousands of 
milliseconds produced Co-Cu multilayer instead of nanocrystalline structure. Thus, the pulse-








Figure 2.9 (a) Schematic picture of two-dimensional atomic structure of nanocrystalline materials, whereas black 
and white circles correspond to the atoms within grains and grain boundaries, respectively (from [1]). (b) Measured 
volume fraction of grain boundary, triple junction, and inter-crystal regions as a function of grain size by assuming 
1 nm width of grain boundaries (modified from [116]). (c) Some values of time exponent (1/n) for isothermal grain 
growth of various nanocrystalline materials as a function of normalized annealing temperature (T/TM), whereas 
TM is a melting or liquidus temperature of materials (from [2]). 
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According to the previous works, it is believed that a homogeneous structure of 
nanocrystalline Co-Cu can be produced at specific pulse current density starting from 1000 
A/m2. The duty cycle should be kept lower than 30% with pulse-on times of less than 10 ms to 
deposit enough Cu content to enhance specific properties and to produce compact and low-
porosity deposits. Electrolyte composition has a significant contribution on the properties of 
nanocrystalline Co-Cu deposits. Electrolyte composition as shown by Su [108] and Müller [77] 
are likely to be the ideal composition. Concentration of individual ingredient can be adjusted 
further to improve electrolyte and deposit characteristics. 
 2.3. Thermal stability of nanocrystalline materials 
Grain growth in nanocrystalline materials 
Nanocrystalline materials with typical grain sizes of 5-100 nm have an extensive area of 
grain boundaries as shown in Figure 2.9a [1, 2, 117]. Figure 2.9b shows more specific 
information about the volume fraction (1-17 vol.%) of grain boundaries in nanocrystalline 
materials compared to coarse grained counterparts. Grain boundaries are regions with misfit of 
atoms compared to the perfect crystal resulting in a high interfacial excess energy. Having a 
high energetic state in grain boundaries, nanocrystalline materials have a strong tendency to 
grain growth for reducing the total excess energy and achieving a more stable condition [118]. 
High interfacial excess energy can be found also in inter-crystal and triple junction regions, 
which have a quiet large volume fraction in nanocrystalline materials (see Figure 2.9b), 
contributing on microstructure instability under thermal and mechanical loading. 
The isothermal grain growth kinetics in nanocrystalline materials can be studied by using 
the classical grain growth kinetic for conventional polycrystalline materials as established by 
Burke and Turnbull [119]. This approach assumes that grain boundary migration is driven by 
atomic transfer across the surface curvature of boundaries [120]. According to this approach, 
the mean grain size of polycrystalline materials (D) after a certain period of time (t) can be 
estimated by a simple relationship as shown by the following equation: 
𝐷𝑛 − 𝐷0
𝑛 = 𝐾𝑡 ,        [2.16] 
where D0, K, and n are the initial grain size, the rate constant, and the grain growth 
exponent. In case of D >> D0, equation [2.16] can be simplified as follows: 
𝐷 = 𝐾′. 𝑡1/𝑛 ,        [2.17] 
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where K’ and 1/n are another rate constant and the time exponent, respectively. The grain 
growth exponent (n) is a one of the crucial parameter for describing the grain growth kinetic 
and mechanism. The ideal value of n = 2 (parabolic relationship) is usually found in high purity 
elements of coarse-grained materials at a high value of normalized annealing temperatures, 
whereas the curvature-driven grain boundary migration is a dominant mechanism [2, 118]. 
Extreme deviations of n from the ideal value was observed in various nanocrystalline pure 
metals as shown in some literatures [8, 121, 122, 123, 124, 125]. Some values of time exponent 
(1/n) for isothermal grain growth of various nanocrystalline metals and alloys as a function of 
normalized annealing temperature (T/Tm) are shown in Figure 2.9c. 
Extreme deviations of grain growth exponent (n) from the ideal value is an indication of 
other grain growth mechanism instead of a dominant curvature-driven mechanism in 
nanocrystalline pure metals. The large area of grain boundaries and triple junctions in 
nanocrystalline materials has a crucial contribution. According to Peng et al. [118], grain 
growth in nanocrystalline pure metals may be attributed to various mechanisms, which may 
delay grain growth process. These are: (i) free-volume and non-equilibrium vacancy drags [126, 
127], (ii) limited mobility of triple junctions [128, 129], (iii) micro-strain induces nonlinear-
response-type growth [130], and (iv) slow grain boundary roughening induces grain growth 
stagnation [131]. In these conditions, the grain boundary energy and mobility decrease, which 
could be thermodynamic and kinetic resistances for grain growth. 
The activation energy for grain growth (Q) is another crucial parameter for describing the 
grain growth kinetic and mechanism in nanocrystalline materials. This parameter can be 
determined by using isothermal and non-isothermal (Kissinger) kinetic analysis. For isothermal 
kinetic analysis, the activation energy for grain growth can be determined by measuring the 
constant value (K) at the various annealing temperatures (T) as shown by equation [2.18].  
𝐾 = 𝐾0. exp (
−𝑄
𝑅𝑇
)        [2.18] 
where K0 and R are the pre-exponential constant and the ideal gas constant, respectively. 
For Kissinger's analysis, the peak temperatures (Tp) from DSC measurement at the various 







+ 𝑐𝑜𝑛𝑠𝑡𝑎𝑛𝑡,       [2.19] 
where E and R are the activation energy for grain growth and the ideal gas constant, 
respectively. For nanocrystalline pure Co or Cu, the activation energies for grain growth have 
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been investigated and they can be found in some literatures as described in Table 2.3. 
Stabilization of nanostructured grains 
Basically, stable nanocrystalline microstructure can be achieved by reducing the driving 
force for grain growth. The driving force for grain growth (∆P) is proportional to the grain 
boundaries energy (γGB) and inversely proportional to the grain size diameter (D) as shown in 
[2.20]. Derivation of this equation is available elsewhere [118]. 
∆𝑃 ∝ 𝛾𝐺𝐵 𝐷⁄          [2.20] 
According to [2.20], the grain size diameter (D) is given from materials itself, thus, the 
adjustable parameter is the grain boundaries energy (γGB). Reduction of the grain boundaries 
energy is crucial for grain growth inhibition. Some dragging mechanisms are proposed for 
reducing grain boundaries energy including (i) triple-junctions drag, (ii) vacancy drag, (iii) free-
volume/pores drag, (iv) solute drag, and (v) second phase particles drag. Dragging mechanisms 
of (i)-(iii) are provided internally by nanocrystalline materials, which has a significant impact 
to non-ideal grain growth mechanism as described in the previous sub-section. Stabilization of 
nano-structured grains through triple junction drag has been utilized, for instance, by producing 
nanocrystalline materials with a larger area of grain boundary and triple junction (i.e. grain size 
reduction) [23]. However, the thermal stability of nanocrystalline materials remains low at this 
circumstance, and further improvement on the thermal stability with other techniques is needed 
(e.g. second phase particles drag and solute drag effect). 
Second phase particles drag is one popular approach for reducing the driving force for 
grain growth. This approach implements Zener pinning effect [132], whereas second phase 
particles (e.g. precipitate, oxide, CNT) are incorporated in nanocrystalline materials. 
Interactions between these particles and grain boundaries results in Zener drag force, which acts 
as a barrier for grain boundary movement as shown in Figure 2.10a. The Zener force (∆Pz) 
from spherical particles at a grain boundary can be described by the following equation: 
∆𝑃𝑧 = 3𝐹𝑣𝛾 2𝑟⁄ ,        [2.21] 
where Fv, γ, and r are the volume fraction of particles, the particles-matrix surface energy, 
and the mean radius of particles, respectively. Pinning of grain boundary and grain growth 
inhibition are expected under specific condition: the Zener force (∆Pz) is larger than the driving 












Figure 2.10 (a) Schematic picture of molecular dynamic simulation showing drag effect of pinning particles at a 
grain boundary (from [133]). (b) Atom probe tomography elemental maps of Ni (blue) and sulphur (red) observing 
solute sulphur segregation at a grain boundary of an annealed nanocrystalline Ni (from [25]). (c-d) Microstructural 
images show abnormal grain growth in (c) nanocrystalline Ni after annealing at 210⁰C for 150 minutes (from [25]) 
and (d) nanocrystalline Co after annealing at 300⁰C for 2 minutes (from [23]). 
Applications of second phase particles for stabilizing nanostructured grains have been 
performed by researchers. Koch et al. suggested that this approach was effective for stabilizing 
nanostructures even at a high annealing temperatures, which corresponds to their results 
showing stabilization in nanocrystalline Fe with Zr intermetallic precipitates [134]. Significant 
improvement on the thermal stability of nanocrystalline Ni was also observed with the addition 
of metallic-oxide [57] or CNT [135] particles. In nanocrystalline Co, addition of carbon was 
effective to increase starting grain growth temperature from below 300⁰C for pure 
nanocrystalline Co to 400⁰C with doped carbon [13]. Distribution of particles is a major 
challenge in this approach, whereas the agglomeration and inhomogeneous distribution of 





Solute drag effect is another important approach for stabilizing grain boundaries and 
improving thermal stability. The solute drag effect in nanocrystalline materials is established 
from solutes atoms acting as grain boundary segregation, which may reduce the grain 
boundaries energy. Theoretical determination of the grain boundary energy in the presence of 
solute atoms segregation at grain boundaries has been described comprehensively by some 
researchers [118, 136, 137, 138]. It shows that minimisation of the total grain boundary energy 
by solute atoms segregation is possible leading to stable grain boundary.  
Experimental approaches have been performed for improving the thermal stability of 
nanocrystalline materials with the solute drag effect. In nanocrystalline materials, the roles of 
alloying elements and processing contaminants have been widely investigated in which grain 
boundary segregation were observed. Significant improvement on the thermal stability was 
observed at various solid solution nanocrystalline alloys, for instance, Ni-Co [14], Co-Cu [13, 
27, 29], Ni-Cu [139], and Co-Cu-Ag [15] systems. In addition, phase transformation of 
metastable solid solution upon annealing at the specific temperatures may lead to formation of 
grain boundaries precipitates and phase/chemical decomposition, which could be a barrier for 
further grain growth. 
The role of processing contaminants or impurities such as sulphur [6, 23, 25, 115], 
phosphor [24, 140, 141, 142], and carbon [13, 23] in nanocrystalline materials received great 
interest for grain boundary stabilization. These impurity elements are observed commonly in 
electrodeposited nanocrystalline metals. Electrolyte components such as saccharin, phosphate, 
thiourea, and other organic molecules could be the sources of impurity elements, which are 
adsorbed at the cathode during electrodeposition. The addition of organic molecules cannot be 
avoided for deposition of thick film nanocrystalline metals and alloys, which may act as grain 
refiner, growth inhibition, etc. Ideally, impurity elements should be distributed homogeneously 
in nanocrystalline materials (including grain boundaries), which provides grain boundary 
stabilization. Improvement on the thermal stability of nanocrystalline metals in the presence of 
impurity elements has been reported for nanocrystalline Ni [6] and Co [23, 24, 142].  
In case of impurity elements are not distributed at grain boundaries, grain boundary 
segregation is also possible upon annealing at a high annealing temperature. Atomic mobility 
of impurity elements increases with increasing temperature, whereas elemental diffusion of 
impurity elements to grain boundary is possible leading to grain boundary segregation and grain 
growth inhibition. Grain boundary segregation by sulphur and phosphor elements after 
annealing has been reported elsewhere. For instance, Rathman et al. [25] observed sulphur 
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segregation at the grain boundary of an annealed nanocrystalline Ni as shown in Figure 2.10b. 
In addition, significant increase in phosphor concentration at grain boundary was also observed 
in annealed nanocrystalline Co by Choi et al. [24] and da Silva et al. [142], which may act as 
grain boundary segregation and phosphor-rich precipitates. In addition, abnormal grain growth 
in nanocrystalline Ni [25] and Co [23] was observed also due to inhomogeneous distribution of 
sulphur segregation, which leads to the formation bimodal microstructure as shown in Figure 
2.10c,d. However, grain boundary segregation may also lead to grain boundary embrittlement 
if the local concentration of impurities is high enough. 
Table 2.3 The thermal stability of nanocrystalline pure Co and pure Co processed through various techniques from 
some previous works. (IGC = Inert gas condensation; FCAT = Filtered cathodic arc technique; MS = Magnetron 






Information about thermal stability 
Cu [9] IGC 22-36 Abnormal grain growth at ambient room temperature for 18 days up to 50 nm 
grain size due to some factors: (i) non-uniform grain size distribution, (ii) 
impurity segregation, (iii) porosity induce hindering grain boundary migration. 
Cu [124] FCAT 25-30 Grain coarsening up to ~40 nm grain size was observed at 150°C. The grain 
growth exponent (N) was 3.0. The activation energy for grain growth from 
Arrhenius plot was 21-30 kJ/mol. The pinning force for grain growth was 
contributed by second phase particle and porosity drags.  
Cu [143] MS Gs: ~700 
Tt: ~40 
Isothermal annealing technique for 3 h. Grain coarsening in nano-twinned Cu 
(grain size (Gs): ~700 nm and twin thickness (Tt): ~40 nm). Grain size was 
stable up to 300°C but it increased to ~700 nm at 400°C. 
Cu [8] PED 5-80 
Mean: ~20 
Grain growth start at 75°C. Grain growth was followed by micro-strain release. 
The activation energy for grain growth determined by Kissinger and 
isothermal kinetic analysis were 90±16 kJ/mol and 83±13 kJ/mol, 
respectively. Grain growth mechanism was controlled by grain boundary 
diffusion. The grain growth exponent (N) was 3.4 to 4.0. 
Co [7] PED 5-55 
Mean: ~20 
MDSC (non-isothermal) technique at 5⁰C/min showed that grain growth of 
hcp-structure nc Co could start at 346°C. Grain size increased to ~120 nm at 
550°C (heating rate: 40°C/min) and followed by transformation fcc structures. 
The activation energy for grain growth was 152-163 kJ/mol. 
Co [23] PED Mean: 8-20 MDSC (non-isothermal) technique at 0.67°C/s of 10 samples nc Co with 
different grain size (8-20 nm) and sulphur content (240-980 ppm). Grain 
growth could start at 337-410°C. The activation energy for grain growth 
increased from 157 to 221 kJ/mol with decreasing grain size from 20 to 8 nm. 
The activation energy for grain growth also increased significantly from 125 
to 280 kJ/mol with increasing sulphur content from 240 to 980 ppm. Grain size 
increased to 0.1-1 µm during isothermal annealing at 300°C for 120 s and 
followed by abnormal grain growth and sulphur segregation at grain 
boundaries. 
Co [13] SPD-HPT < 100 Isothermal annealing of nc Co with hcp-structure at 300°C for 1 h showed a 
significant decrease of hardness of about 40% showing grain coarsening. Non 
uniform microstructure (ufg and needle-shaped grain) was observed at 300°C 
but it was not observed at higher temperature (only needle-shaped grains). 
Co [27] SPD-HPT Mean: 
62±31 
DSC technique at different heating rate (10-120 °C/min) showed grain growth 
could start at 456-519°C. Hardness significantly decreased for about 20% upon 
isothermal annealing at 400°C for 1 h showing significant grain coarsening. 
The activation energy for grain growth is ~177 kJ/mol. 
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Thermal stability of nanocrystalline Co, Cu, and Co-Cu 
Poor thermal stability in nanocrystalline materials were mainly observed in single phase 
materials. These materials have a relatively homogeneous microstructure whereas no other 
microstructural features (e.g. precipitates, solute atoms, grain boundary segregations, and 
others) can act as a barrier for grain growth. Table 2.3 describes the thermal stability of 
nanocrystalline pure Co and pure Cu processed with various techniques with different 
microstructures (e.g. grain sizes, twins, impurities, and others). It shows that grain coarsening 
in nanocrystalline pure Cu could start even at ambient room temperature after several days, 
showing the very unstable grain structure [9]. Abnormal grain growth was also observed by the 
detection of coarse grained regions surrounded by nanocrystalline structures caused by a non-
uniform distribution of grain sizes, impurities, and pores [9]. Grain coarsening of 
nanocrystalline pure Cu with a grain size of ~20 nm could start at 75°C [8], and it could be even 
faster for only 30 minutes at higher temperatures (130-150°C) [124]. 
Nanocrystalline pure Co showed a better thermal stability compared to nanocrystalline Cu. 
Previous works [7, 13, 23, 27] showed that grain coarsening in nanocrystalline pure Co could 
start at 300°C. Sulphur concentration had a crucial contribution for improving the thermal 
stability in nanocrystalline Co in which grain boundary segregation was expected [23]. 
However, this dragging mechanism may have detrimental effects on the mechanical properties. 
Improvement on the thermal stability was also detected with decreasing grain size of 
nanocrystalline Co showing the triple junctions and vacancies dragging mechanisms.  
A modification of the microstructure in nanocrystalline pure Co and Cu is crucial to 
improve the thermal stability. This includes dragging mechanisms from different sources such 
as solute atoms, second-phase particles (Zener), triple-junctions, vacancies, and pores. Triple-
junction and vacancy drags were implemented in high-density nano twinned Cu, which showed 
a significant improvement of the thermal stability compared to nanocrystalline Cu [143]. Very 
fine grained Cu with a grain size of ~700 nm and twin spacing of ~40 nm remained stable up 
to 300°C [143]. In nanocrystalline Co, the addition of a small amount of solute carbon up to 
~400 ppm in HPT-processed nanocrystalline Co significantly improved the thermal stability in 
which grain coarsening was not detected up to 300°C [13]. Investigations on the thermal 
stability of nanocrystalline pure Cu and Co showed that small concentrations of impurities 
resulted in an improved thermal stability, but it may have undesired side effects such as grain 
boundary embrittlement and abnormal grain growth. Moreover, this approach is not 
significantly effective for stabilization of nanostructured grains at higher temperatures, in which 
significant grain coarsening were observed. It is believed that solute atoms have a significant 
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impact on the stabilisation of nanostructured grains using other mechanisms, for instances, 
formation of metastable solid solution and precipitates.  
A supersaturated solid solution nanocrystalline Co-Cu with different Co and Cu 
concentrations were developed by Bachmaier and colleagues [13, 27, 29] for improving the 
thermal stability of nanocrystalline Co or Cu as summarized in Table 2.4. The HPT-processed 
nanocrystalline Co-Cu with different compositions (Cu rich: 26 at.% Co; Co-rich: 75 wt.% Co) 
showed a significant improvement on the thermal stability compared to nanocrystalline pure 
Cu and pure Co in which minor grain coarsening was observed at 400⁰C [13, 27]. Differential 
scanning calorimetry (DSC) measurements detected peak temperatures of the decomposition 
process of Cu-rich and Co-rich materials with ~440⁰C and ~545⁰C, respectively [29]. The 
thermal stability was improved with increasing of Co content. An improved thermal stability 
can be observed also in the electrodeposited (ED) nanocrystalline Co-Cu (i.e. in comparison 
with pure Cu and Co), but grain growth started at lower temperatures compared to HPT-
processed materials in which massive decrease in hardness (i.e. indication of grain coarsening) 
was observed at 400⁰C. The HPT- and ED-processed nanocrystalline Co-Cu exhibited a 
supersaturated solid solution phase with face-centred-cubic (fcc) structure and confirmed that 
solute atoms improved the thermal stability of nanocrystalline materials. However, APT and 
TEM-EELS investigation for HPT-processed nanocrystalline Cu-26 at.% Co [27] showed that 
the evidence of Co or Cu segregation was difficult to observe, whereas Co and Cu elements 
were randomly distributed. The sizes of Co or Cu segregation might be very small, which could 
not be detected from the measurement. Grain boundary segregation of Co and Cu started to 
detect at 400⁰C after 100 hrs annealing, which could be a reason for stable nanostructured grain 
at 400⁰C (i.e. only minor grain coarsening observed). 
Table 2.4 The thermal stability of Co-rich and Cu-rich nanocrystalline Co-Cu processed through high pressure 







Information about thermal stability 
Co-rich (75 wt% Co) 
[13, 29] 
SPD-HPT <100 
Grain coarsening could be started at >400°C. Effect of impurities 
was uncertain. High and low purity of Co-Cu showed a slight 
differences of activation energy for grain growth. 





Minor grain coarsening at 400°C with hardening effect at 300-
400°C were observed. Impurities might improve thermal stability 
showed by higher activation energy.  
Co-rich (76 at% Co) 
[29] 
ED <100 
Grain coarsening could be started at 300-400°C. Hardening effect 
at 300°C. Hardness significantly dropped up to ~30% at 400°C 








Figure 2.11 Long-term thermal stability of (a) Cu-rich (26 at% Co) and (b) Co-rich (75 wt% Co) nanocrystalline 
Co-Cu processed through high pressure torsion (HPT) at various annealing temperatures for up to 100 h. Figures 
(a) and (b) were taken from references [27] and [13], respectively. 
It has been investigated that nanocrystalline Co-Cu alloys showed an improved thermal 
stability. Convincing microstructural evolutions during annealing at particular temperatures 
were also observed. Figure 2.11a,b show a long-term thermal stability of the HPT-processed 
nanocrystalline Co-Cu observed a hardening and a softening effects at different annealing 
temperatures. A hardening effect was detected in the Co-rich and Cu-rich nanocrystalline Co-
Cu alloys at annealing temperatures of 300⁰C and 400⁰C, respectively [13, 27]. Atom probe 
tomography (APT) measurements of Cu-rich nanocrystalline Co-Cu confirmed spinodal 
decomposition of solid solution Co-Cu at 400⁰C, in which nanometers sized Co- and Cu-rich 
regions were observed [27]. It was believed that formation of Co- and Cu-rich regions had a 
crucial contribution on the hardening effect at these annealing temperatures. Further 
investigations are needed to observe the structural evolution at the lower temperatures (300⁰C) 
which would be studied in this thesis. Previous works [13, 27] observed a significant grain 
coarsening of the Co-rich and Cu-rich nanocrystalline Co-Cu alloys up to an ultrafine grained 
size (100-600 nm) at 600⁰C for annealing times of less than 10 h (see Figure 2.11a,b). 
Interestingly, a stable grain size could be achieved after 10 h annealing showed from unchanged 
microhardness. X-ray diffraction (XRD) and selected area diffraction (SAD) measurements of 
nanocrystalline Co-Cu confirm a distinct phase separation of Co and Cu, whereas the fcc-Cu, 
fcc-Co, and hcp-Co phases were detected [13, 27]. Complete phase separation and multi-
component phases might have a contribution on the grain growth inhibition at 600⁰C. 
The thermal stability and structural evolution of the SPD/HPT-processed nanocrystalline 
Co-Cu has been studied comprehensively. Structural evolutions in the electrodeposited 
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nanocrystalline Co-Cu at different temperatures are also convincing for a more comprehensive 
investigation. Electrodeposited nanocrystalline materials exhibit also other mechanism for 
stabilization of nanostructured grains such as segregation of impurities (solute drag effect), 
which is not observed in SPD/HPT-processed materials. Thus, an improved thermal stability is 
expected from electrodeposited materials. In addition, electrodeposited nanocrystalline 
materials may have a different characteristic of defect structures (e.g. number of dislocations, 
nano-twin formations, and others) [144, 145, 146, 147] which have a direct impact on the 
mechanical properties. In this thesis, the pulsed electrodeposition (PED) process is used instead 
of DC electrodeposition to obtain the desired nanocrystalline deposits which could not be 
achieved through conventional electrodeposition technique. 
 2.4. Mechanical properties of nanocrystalline Co-Cu systems 
2.4.1. Strength and ductility 
Hall-Petch effect in nanocrystalline materials 
The concept of strengthening mechanism with grain size reduction is predicted from the 
Hall-Petch effect. Theoretical approach of the Hall-Petch effect can be explained with the 
dislocation pile-up model [148, 149] as depicted in Figure 2.12a. In this model, dislocations 
are generated at the centre of a grain (Frank-Read source) and they move along the slip plane 
within the grain approaching the boundary. For plastic deformation, dislocations have to pass 
across the grain boundary and move to the neighbouring grains, thus the yield point of material 
can be reached. However, there are two barriers for a continuous dislocation movement across 
the grain boundary, these are: (i) a large misfit atoms within the grain boundary [150], and (ii) 
a different crystallographic orientation of the neighbouring grains [150, 151]. As the movement 
of dislocations is blocked at the grain boundary, the occurrence of plastic deformation will be 
hindered. In this circumstance, dislocations need to change their direction of movement at the 
neighbouring grains as shown in Figure 2.12b. However, this process will need a higher applied 
stress [150]. As the applied stress increases, dislocations create a pile-up at the grain boundary 
with a length of Lp (see Figure 2.12a) [151]. The continuous pile-up process will produce the 
stress concentration at the grain boundary, which is needed to move the dislocations across the 
boundary. Sometimes, the stress concentration at the grain boundary may activate new 
dislocation sources in the adjacent grains. Plastic deformation occurs when the number of 
dislocations in a pile-up is high enough to achieve the critical value of the stress concentration 
at the grain boundary. 
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As a grain size decrease, very fine grained polycrystalline materials (grain size < 1 µm) 
have a larger total area of grain boundary compared to coarse grained polycrystalline materials 
(grain size > 1 µm) counterparts. Since the total grain boundary area for blocking dislocations 
movement increases in very fine grained materials, a higher applied stress is required for 
generating the same number of dislocations in the pile-ups for yielding. Thus, very fine grained 
polycrystalline materials are expected to exhibit a higher yield strength compared the coarse 
grained polycrystalline materials counterparts. According to the Hall-Petch relationship [152], 
the yield strength (𝜎𝑦) of polycrystalline materials is inversely proportional to the square root 
of the grain size (d) as shown in the following equation:  
𝜎𝑦 = 𝜎0 + 𝑘𝑑
−
1
2 ,        [2.22] 
where 𝜎0 is the friction stress or the yield strength of single crystals [152, 151] and k is the 
Hall-Petch constant. In comparison to coarse grained polycrystalline materials, significant 
increase of strength can be achieved in nanocrystalline materials by decreasing grain size down 
to below 100 nm. For instance, nanocrystalline pure Cu and Co exhibit a significantly higher 








Figure 2.12 (a) Schematic picture of dislocation pile-up at the grain boundary describing the Hall-Petch 
phenomena (from [151]). (b) Schematic illustration of a dislocation movement across the grain boundary showing 
the changes direction of slip planes (from [150]) (c) Schematic representation of dislocation pile-up generated 
from the centre of a grain (Frank-Read source) in microcrystalline and nanocrystalline regimes at the same applied 










Figure 2.13 (a) Schematic pictures of dependence of strength on grain sizes showing the different regimes of 
deformation mechanisms (from [154]). (b) Schematic illustration of dislocation pile-up at the grain boundary 
showing the distance between two dislocations (l) (from [155]). (c) Compilation of data of hardness and yield 
stress (tensile and compression) of the nanocrystalline copper as a function of grain size collected from some 
literatures by Tschopp [48].  
In the nanocrystalline materials, the Hall-Petch behaviour is different due to very small 
grain sizes. Figure 2.12b shows different mechanisms of dislocations in the pile-ups in 
microcrystalline and nanocrystalline regime at the same stress level as proposed by Pande et al. 
[156]. The number of dislocations in the pile-ups is reduced significantly with decreasing grain 
sizes down to the nanometer scale. Nieh and Wadsworth [155] proposed that the strength of 
materials does not increase indefinitely with decreasing grain size as shown by the Hall-Petch 
relationship, but there is an upper limit of strength at the critical grain size (dc) as shown in 
Figure 2.13a. As the grain size decreases below dc, the strength of materials will be constant 
or even declining. The dc value can be estimated from the critical distance between two  
dislocations. Figure 2.13b shows a schematic picture of two edge dislocations in a pile-up 
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showing a distance between dislocations of l. These two edge dislocations exhibit a repulsive 
force upon the pile-up process, but the force is neutralized by the externally applied stress (σapp). 
Thus, these two edge dislocations move to their equilibrium positions. The distance between 
two edge dislocations at their equilibrium positions is introduced as the critical equilibrium 
distance of dislocations (lc). The lc value is dependant of the shear modulus (G), the burger 
vector (b), the Poisson’s ratio (v), and the hardness (H) of materials as shown in equation [2.23]. 
Derivation of this equation is available elsewhere [155]. 
 𝑙𝑐 = 3𝐺𝑏 𝜋(1 − 𝑣)𝐻⁄        [2.23] 
As the grain sizes (d) decrease to below lc, grains cannot afford for more than one 
dislocation inside. Thus, dislocation pile-ups cannot occur and the Hall-Petch relationship is no 
longer applicable [155]. Previous investigations in nanocrystalline Cu [155, 157] and Pd [155, 
157] estimated the lc value with 19.3 nm and 11.2 nm, and the Hall-Petch effect was not 
observed at the grain sizes of below 20 nm in both of materials. In this regime, deviation from 
the Hall-Petch behaviour will occur and the strength of materials will be constant or even 
decreases with decreasing grain size as shown in Figure 2.13c. Choskshi et al. [157] reported 
the inverse Hall-Petch relationship with decreasing grain size in nanocrystalline Cu and Pd with 
grain sizes of below 16 nm, but these phenomena is still debatable among researchers. 
Grain-boundary mediated deformation 
In very fine grained materials where d < lc, weakening effects are frequently observed 
which may correspond to the breakdown of the Hall-Petch effect (no dislocation pile-up) [158, 
159]. In case of dislocation pile-up does not work, deformation in the nanocrystalline materials 
is controlled by grain-boundary mediated deformation, for instance, grain boundary sliding and 
grain rotation as observed by some researchers [160, 161, 162, 163]. 
Figure 2.14a,b shows the schematic pictures of grain-boundary sliding model proposed 
by Ball and Hutchison [164]. In this model, the grain boundary sliding of a group of grains (the 
upper part of grains in Figure 2.14 a,b) produces shear strains at the resisted or unmoved grains 
(the bottom part of grains in Figure 2.14 a,b). In nanocrystalline materials, there are many grain 
boundaries in which individual atomic jumps and even movement of small group of atoms due 
to a shear strain are possible. The atomic shear movement can induce further grain boundary 
sliding and build-up of shear stress in the neighbouring nanostructured grains. This 
phenomenon is called as the thermally activated atomic shear sliding which was proposed by 








Figure 2.14 Schematic pictures of grain boundary sliding mechanism: (a) initial condition where the upper part 
of grains (grey colour) will move to the right part relative to the lower part of grains (white) and (b) final condition 
of which grain boundary sliding has occurred (from [3]). 
In the absence of dislocation mediated deformation, grain boundary sliding may result in 
the inverse Hall-Petch effect (i.e. softening) as explained by Hahn et al. [166]. In this grain size 
regime (d < lc), the hardness (Hv) of nanocrystalline materials as a function of grain size (d) can 
be predicted through equation [2.24]. The quantity of Hv0 is the hardness of single crystals, 
while m1 and m2 are the constant parameters related to the grain boundary thickness [166]. 




1/2      [2.24] 
The phenomena of superplasticity in polycrystalline materials have been observed by Ball 
et al. [164] and Raj et al. [167], whereas the dominant grain-boundary sliding mechanism is 
responsible for this effect. In nanocrystalline materials, grain boundary sliding mechanism may 
lead to achieve the super-deformability regime by reducing grain sizes down to below 20 nm 
as shown in Figure 2.13a. This could be a new approach to improve ductility of nanocrystalline 
materials. For reducing the weakening effect in the absence of Hall-Petch effect, nanocrystalline 
materials with a wide range of grain sizes distribution (5-100 nm) are preferred, whereas 








Figure 2.15 Schematic pictures of grain rotation during plastic deformation: (a) initial condition grains having 
different orientation of slip systems, (b) rotated grains having the same orientation of slip systems, and (c) grain 
coalescence in which an elongated grain is formed (from [3, 168]). 
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The atomic shear movement upon grain boundary sliding may cause also grain rotation 
and grain coalescence. This phenomenon was observed in ultrafine grained titanium [169] and 
nanocrystalline copper [170] by Ma et al. Figure 2.15a-c depict schematic illustrations of grain 
rotation during plastic deformation showing a coalescence effect once the grain orientations are 
exactly similar with the neighbouring grains as described by Meyers [3, 168]. The phenomena 
of grain coalescence lead to the formation of elongated grain having an extended path for 
dislocation movement. This may drive to weakening and strain localization, which may reduce 
strength and ductility of nanocrystalline materials. 
Strength and ductility of nanocrystalline Co, Cu, and Co-Cu 
The theoretical background of the increased strength in nanocrystalline materials has been 
explained. However, nanocrystalline materials usually exhibit low ductility compared to their 
coarse grained counterpart as shown in the case of nanocrystalline Co and Cu (see Figure 
2.16a,b). In addition, Figure 2.16c,d show that the ductility of various nanocrystalline materials 
decreased with decreasing grain size and increasing yield strength, showed the paradox of 
strength and ductility. Koch [171, 172] described three factors influencing on ductility in 
nanocrystalline materials which are: (i) processing flaws (e.g. pores formation, particles 
agglomeration and contamination, and microstructure-chemical inhomogeneity), (ii) unstable 
plasticity (e.g. low strain hardening, early necking, and strain localization), and (iii) crack 
nucleation or propagation instability. 
Processing flaws (e.g. pores formation and particle agglomeration and contamination) are 
usually found in nanocrystalline materials processed through the bottom-up approaches. Pore 
formation can be caused by many factors such as incomplete atomic and grain bonding, gas 
involvement and inclusion, and others. Particle agglomeration and contamination are frequently 
found also in nanocrystalline materials processed from nano-sized powders. Pore formation and 
particle agglomeration have detrimental effects on the mechanical properties of nanocrystalline 
materials. The presence of pores and particles agglomeration could be the initial sites of crack 
formation. The stress concentration at these existing flaws may surpass the critical toughness 
value which causes early failure [3]. Caused by early failure, the theoretical strength of 
nanocrystalline materials (e.g. high yield strength and high Young’s modulus) cannot be 
achieved. For instance, nanocrystalline Cu and Pd processed through inert gas condensation 
exhibited lower Young’s modulus and yield strength as the fraction of porosity increased (see 
Figure 2.17a,b). Processing of bulk nanocrystalline materials with small amount or even free 











Figure 2.16 (a) Stress vs- strain curves of bulk nanocrystalline Cu (grain size: 12 nm) and bulk polycrystalline Co 
(grain size: 4.2 µm) (from [39]). (b) Stress vs- strain curves of bulk nanocrystalline Cu (grain size: 26 nm), bulk 
coarse-grained Cu (grain size: 80 µm), and in situ consolidated micro-sample of nanocrystalline Cu (grain size: 23 
nm) (from [173]). Compilation of data of (c) tensile elongation to failure versus grain size (picture and complete 
data are available in [172]) and (d) normalised yield stress vs. %elongation (picture and complete data are available 






Figure 2.17 (a) Effect of the fraction porosity on the Young’s modulus of nanocrystalline Cu and Pd (from [153]). 
(b) Effect of the consolidation density on the compressive yield strength of nanocrystalline Cu and Pd (picture 
provided in [3] with data available in [174]). 
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However, processing of flaw-free bulk nanocrystalline materials is difficult. Therefore, 
molecular dynamic simulations are usually conducted for investigation of the theoretical 
strength and ductility of nanocrystalline materials. Alternatively, the subsize or micron-sized 
samples of nanocrystalline materials with a low number of processing flaws can be used to get 
a better understanding on their theoretical strength and ductility. For instance, Youssef et al. 
[173] produced a subsize sample of nanocrystalline Cu (grain size: 23 nm) processed through 
the in situ consolidation technique with no porosity and other processing flaws within the 
sample. This subsize sample showed significantly improved strength and ductility compared 
with conventional nanocrystalline Cu as shown in Figure 2.16a. In the absence of processing 
flaws, this subsize sample of nanocrystalline Cu provided a high strain hardening and plastic 
deformation. Deformation in this nanocrystalline Cu was controlled by dislocation movement. 
Table 2.5 shows the various data of strength and ductility of nanocrystalline Co and Co, 
whereas the microstructures and processing flaws have the significant impacts. In the 
nanocrystalline Cu, processing flaws (e.g. pores and micro-cracks) have a crucial impact on 
ductility. Sanders et al. [153] found that the size of pores and grains were comparable as the 
grain size was below 50 nm, thus, a low ductility of below 2% was obtained. As a grain size 
increased beyond 50 nm, ductility was improved. A low ductility in nanocrystalline Cu due to 
processing flaws were reported also by Legros et al. [175]. A work by Cheng et al. [176] showed 
that decreasing the number of processing flaws significantly improved strength and ductility. 
In addition, a wide distribution of grain sizes of 20-100 nm was found from nanocrystalline Cu 
sample, which may have a contribution on the possible simultaneous dislocation-based and 
grain-boundary mediated deformation mechanisms [176]. The plastic deformation with a 
perfect shear banding or necking was observed during mechanical tensile loading [176]. The 
highest ductility in nanocrystalline Cu was reported by Lu et al. [42] with elongation to fracture 
up to 30%. Elimination of pores and contaminations through the electrodeposition process 
instead of compaction of ultrafine powders led to the enhancement of ductility. Grain boundary 
sliding mechanism, low angle grain boundaries, and low micro-strain had also significant 
contributions on the improved ductility [42]. However, this work showed the lowest strength 
compared to other works, whereas the reason for the decrease of strength is still unclear. 
However, it is believed that grain boundary sliding and low-angle grain boundaries have a 
contribution to weakening effect [42]. Investigations by Shen et al. [21] and Lu et al. [44] 
reported that the presence of nano-twins could improve also strength and ductility in 




Table 2.5 Tensile yield stress (σy), ultimate tensile stress (σu), and elongation to fracture (εf) of nanocrystalline (nc) 
and nano-twin (nt) Co, Cu, and Co-Cu processed through various techniques. (GS: Grain size; TT: Twin Thickness; 
ECAE: Equal channel angular Extrusion; IsC: In-situ consolidation; IGC: Inert gas condensation; ED: 
Electrodeposition; PED: Pulsed electrodeposition; HPT: High pressure torsion) 












σy : 119 ± 5 MPa 
σu : 202 ± 8 MPa 
εf  : 30 % 
Strain rate was 1×10-4 s-1. Failure at the ultimate 
tensile stress. Ductile fracture surface. Strain 
hardening exponent is large (n = 0.22). Grain 






Thick:16-25 µm  
GS: 400 
TT: 15 
σy : 900 MPa 
σu : 1068 MPa 
εf  : 13.5 % 
Strain rate was 6×10-3 s-1. Twin structure provided 
significant dislocation accumulation during plastic 







σy : 535 MPa 
σu : 880 MPa 
εf  : 2.1 % 
Strain rate was not mentioned. Brittle fracture 
surface was obtained. Porosity and micro-crack led 







σy : 791 ± 12 MPa 
σu : 1120 ± 29 MPa 
εf  : 15.5 % 
Strain rate was not mentioned. Sample was claimed 
to be free from processing flaws. Sample dimension 








σy(1) : 365 ± 5 MPa 
σu(1) : 425 ± 5 MPa 
εf(1)  : 1.8 % 
σy(2) : 345 ± 5 MPa 
σu(2) : 460 ± 5 MPa 
εf(2)  : 1.6 % 
Strain rate was not mentioned. Failure at the ultimate 
stress. Samples densities were less than 99.2% 
observing pores formation. Failure was dominantly 








σy(1) : ~688 MPa 
σu(1) : ~730 MPa 
εf(1)  : ~6 % 
σy(2) : ~600 MPa 
σu(2) : ~660 MPa 
εf(2)  : ~12 % 
Strain rate was 1×10-4 s-1. Fracture was started 
through shear localisation. Fracture surface showed 
dimple formation showed ductile fracture, but pores 






Thick: 0.2  
GS: 12 
σy : 1002 ± 58 MPa 
σu : 1902 ± 72 MPa 
εf  : 6 ± 1  % 
Strain rate was 5×10-4 s-1. Hcp-structure of nc Co. 
Fracture surface showed some dimples of ductile 
fracture. Fracture oriented at 37⁰-53⁰ towards load 
direction with slight plastic deformation from the 





Thick: 0.12  
GS: ~20 
σy : 967 MPa 
σu : 1720 MPa 
εf  : 9.4  % 
Strain rate was 1×10-4 s-1. Hcp-structure of nc Co. 
Samples contained nano void sized comparable with 
grains and impurities. Dimples with size of 0.1-0.3 
µm were observed from fractures surface. Fracture 
oriented at 50⁰-60⁰ towards load direction. 
ED nt Co-





Thick: 10 µm 
GS: 110 
TT: 3 
σy : 1420 MPa 
σu : 1857 MPa 
εf  : 3.3 % 
Strain rate was 1×10-2 s-1. High-density twins acted 
as a barrier for dislocation nucleation, accumulation, 








σy : ~800 MPa 
σu : ~970 MPa 
εf  : ~7.5 % 
Strain rate was 1×10-3 s-1. Strength decreased and 
elongation increased with decreasing strain rate. 
Fracture surface showed micro-ductile fracture with 




Compared to nanocrystalline Cu, investigations on tensile mechanical properties of 
nanocrystalline Co got less attention, whereas only three works were reported (see Table 2.5). 
Studies by Wang et al. [41] and Karimpoor et al. [39, 40] showed comparable results in which 
high strength and low ductility (less than 10%) in nanocrystalline Co were observed. 
Interestingly, some indications of ductile fracture were found, for instance, dimple features and 
fracture orientation (40⁰-60⁰) to load direction. Deformation in nanocrystalline Co is dominated 
by a shear stress localisation. Formation of voids and co-deposition of impurities were believed 
to have a strong contribution on low ductility. 
Regarding the limitation on ductility in nanocrystalline Co and Cu, improvements are 
necessary. According to Koch [171] and Ma [177], ductility of nanocrystalline materials can be 
improved through several ways which are: (i) reduction of processing flaws, (ii) utilisation of 
multi-component phases or structures, (iii) wide distribution of grain sizes, and (iii) addition of 
secondary particles (e.g. oxide, carbide, CNT). Among these promising strategies, the first and 
second option are the most commonly used in nanocrystalline materials. Processing flaws in 
nanocrystalline materials can be minimised by controlling the processing parameters, for 
instance, electrolyte composition, pulse current density, and pulse duration in the PED-process 
of nanocrystalline materials. Alloying nanocrystalline Co with Cu may enhance ductility, 
whereas the formation of fcc-structure of supersaturated solid solution nanocrystalline Co-Cu 
were observed instead of a hcp-structure [13, 27]. However, a work by Nakamoto et al. [31] 
revealed that twin structure did not show an improved ductility compared with nanocrystalline 
Co. Thin sample of nano-twin Co-Cu used in this work (10 µm) was a main issue. Similar to 
nano-twin Cu [21, 44], synthesis of a bulk sample of these types of materials is difficult. A 
work by Bachmaier et al. [16] did not show a significant improvement of ductility compared 
with nanocrystalline Co [39, 40, 41]. However, it must be distinguished that Bachmaier et al. 
[16] worked at a higher strain rate of 1×10-3 s-1. It showed that the elongation to fracture 
increased to ~12% with decreasing strain rate to 2×10-4 s-1. This result revealed that 
improvement of ductility in nanocrystalline Co is possible by alloying with Cu. 
An improved ductility in the HPT-processed nanocrystalline Co-Cu (Cu-rich) is promising. 
Investigations on nanocrystalline Co-Cu with different composition (i.e. Co-rich) and processed 
through different techniques (e.g. pulsed electrodeposition) are needed. Of course, the effect of 
chemical composition on the mechanical properties of materials is obvious, thus, discussion is 
now focussed on different processing techniques. In the previous section, a comparison between 
the SPD- and PED-process has been explained. The first concern is the grain size, whereas the 
grain size of PED-processed nanocrystalline materials could be below 50 nm or even 20 nm, 
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which is difficult to obtain from the SPD-process. It has been explained that the deformation 
mechanism in materials with small grain sizes of  below 50 nm may be different due to effect 
from the critical grain size. The next concern is the processing flaws. The SPD-processed 
materials from nano-powders exhibit various processing flaws such as pores, internal and 
localized stresses, contamination, and particle agglomeration. In contrast, different types of 
processing flaws such as co-deposition of impurities (e.g. sulphur, carbon, hydrogen) is possibly 
present in the PED-processed materials. The pore formation remains a problem in the PED-
processed materials, however, Lu et al. [42] showed that the number of pores can be reduced 
significantly. The last concern is different characteristics, types, and numbers of lattice defects 
(e.g. dislocations, vacancies, and twins) in the PED- and SPD-processed materials. In the SPD-
process, dislocation formation is dominantly influenced by the large applied plastic strain 
during material processing [144]. Dislocation formation in the PED-process can be affected by 
two possible mechanisms: (i) stress generation and relaxation when the pulse current is on and 
off, respectively [102, 103, 178], and (ii) growth inhibition from organic additives [104, 145, 
146]. Caused by different mechanisms, the number of dislocations in the SPD- and PED-
process may be different. A direct comparison of dislocation behaviour in the two different 
materials processed through the DC electrodeposition and SPD-process was performed by 
Gubicza et al. [147] in nanocrystalline Ni-Mo with grain sizes of 30-40 nm. It was shown that 
the electrodeposited Ni-Mo had a higher dislocation density compared with the SPD-processed 
materials. In addition, significant twin fault probability was detected in the electrodeposited 
materials which was not found in the SPD-process. A significant increase of dislocation density 
and twin fault probability are expected from the pulsed-current instead of direct-current 
processes as shown by Lu et al. [44, 179, 180], which may give more opportunities to improve 
strength and ductility. Caused by different microstructures, processing flaws, and lattice defects 
in the PED- and SPD-processed nanocrystalline materials, investigations on mechanical 
properties of the PED-processed nanocrystalline materials is convincing to explore a more 
comprehensive understanding of these types of materials.  
2.4.2. Cyclic loading behavior 
 Nanocrystalline materials exhibit an unstable microstructure due to a high volume fraction 
of grain boundaries and triple junctions. For instance, low temperature annealing of 
nanocrystalline Co-Cu alloys showed spinodal and phase decompositions and grain coarsening 
[13, 27]. Structural instability of nanocrystalline materials is also expected under cyclic loading 
or fatigue tests. However, investigations on the fatigue behaviour of nanocrystalline materials 
got little attention due to unavailable bulk samples for conventional fatigue testing, thus, fatigue 
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tests were performed at SPD-processed materials with ultrafine grained structures [181]. 
Fatigue behaviour of nanocrystalline materials still could be performed through alternative 
techniques. Early investigation was performed by Whitney et al. [182] for sub-sized samples of 
nanocrystalline copper processed through inert gas condensation and consolidation with grain 
sizes of 18-29 nm. The length and width of the gauge section of the test specimens were 3.0 
mm and 2.0 mm, respectively, while the thicknesses could be varied from 0.15 to 0.23 mm. 
Fatigue test were performed at the maximum stresses of 50%-83% of the yield strength (100-
165 MPa), while the minimum stress was fixed at 10 MPa. The investigations showed that slight 
elongation and elastic cyclic deformation were obtained, but the measured elastic modulus was 
significantly smaller compared with conventional coarse grained copper. Interestingly, 
softening effect due to grain coarsening up to 25-28 nm was observed after several hundreds of 
thousands of cycles.  
The softening and grain coarsening effect were also observed in ultrafine grained Cu 
through the cyclic micro-bending technique by Kapp et al. [183]. Kapp et al. proposed that grain 
coarsening in ufg Cu was affected through accumulation of plastic strain, which activates a 
driving force for migration of high-angle grain boundaries. Different elastic strain energies in 
smaller and larger grains have a contribution also on the disappearing of small grains due to 
growth of larger grains. Grain coarsening induced by accumulated plastic deformation during 
crack propagation in nanocrystalline platinum films was also revealed by Muhlstein et al. [184]. 
A hardening effect was obtained from multiple-step indentation of electrodeposited 
nanocrystalline Co with a mean grain size of 20 nm by Cavaliere [185]. However, the 






Figure 2.18 (a) S-N curves of fatigue response and (b) fatigue crack length as a function of the number of loading 
cycles for nickel at various grain size whereas the average grain sizes of nanocrystalline (nc), ultrafine crystalline 
(ufc) and microcrystalline (mc) were 30 nm, 300 nm, and 10 µm, respectively. (from [186]). 
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Comprehensive investigations on the fatigue behaviour of nanocrystalline materials was 
performed by Hanlon et al. [186, 187]. Fatigue tests were conducted for electrodeposited 
nanocrystalline Ni with a mean grain size of 30 nm. Specimens were of dog-bone type with a 
total length of 25 mm and thickness of 0.1 mm. Figure 2.18a shows that nanocrystalline (nc) 
Ni exhibits an improved fatigue resistance to stress-controlled fatigue compared with ultrafine 
crystalline (ufc) and microcrystalline (mc) Ni. However, fatigue crack growth in nc Ni seems 
significantly faster than in ufc Ni and mc Ni as depicted in Figure 2.18b. Hanlon et al. 
suggested that nanocrystalline materials offer an improved resistance to high-cyclic fatigue, but 
the resistance dropped significantly as soon as initial crack formation occurred. Results from 
Hanlon et al. confirm that reduction of processing flaws (e.g. porosity, micro-crack, and others) 




Chapter 3 – Materials and Experimental Methods 
 3.1. Pulsed electrodeposition of nanocrystalline Co-Cu 
Pulsed electrodeposition of nanocrystalline Co-Cu were performed in an electrolyte 
containing cobalt- and copper-sulphate, tartrate complex former, and additives. The electrolyte 
composition used in the present work is adapted from previous works by Su et al. [108] and 
Müller [77] with some modification made to obtain thick, compact, and homogeneous deposits 
of supersaturated solid solution nanocrystalline Co-Cu. The chemical composition of 
electrolyte for deposition is provided in Table 3.1. The electrolyte composition was not varied 
in the present work. Pulsed electrodeposition were carried out in a double-wall 
electrodeposition cell connected to a water-heater thermostat to maintain the electrolyte’s 
temperature at 40°C. The electrodeposition cell was connected with the power source and the 
programmable pulse generator to control the pulse parameter of deposition (i.e. current-
controlled process). The electrodeposition cell was also equipped with an electrolyte’s 
circulation system and a mechanical- or magnetic-stirrer. Pictures of the electrodeposition cell 
and the main equipments are shown in Figure 3.1.  
Table 3.1 Chemical composition of electrolyte used for the pulsed electrodeposition (PED) of nanocrystalline Co-
Cu. The roles of individual ingredient are also provided in the table. 
No 
Chemical formula of 
ingredient 
Concentration 
Role of each ingredient 
gram/Liter mol/Liter 
1. Cobalt sulphate heptahydrate 
(CoSO4.7H2O) 
112.00 0.40 Salt containing cobalt ions as a source of 
deposited cobalt. 
2. Copper sulphate (CuSO4) 6.38 0.04 Salt containing copper ions as a source of 
deposited copper. 
3. Sodium sulphate (Na2SO4) 142.04 1.00 Conducting salt to enhance electrolyte’s 
conductivity. 
4. Boric acid (H3BO3) 18.55 0.30 Buffer solution. 
5. Potassium sodium tartrate 
(C4H4KNaO6.4 H2O) 
56.44 0.20 Complex ion forming to enhance Co and 
Cu ionic activities. 
6. Saccharin (C7H5NO3S) 2.00 0.011 Additive: grain refinement and inhibition. 
7. Sodium dodecyl sulphate 
(C12H25NaO4S) 








Figure 3.1 Photographs of electrodeposition cell and equipment used for the electrodeposition of nanocrystalline 
Co-Cu deposits with Cu-cathode and the platinised titanium anode. 
Pulse electrodeposition of nanocrystalline Co-Cu were conducted at two different sizes of 
the Cu-cathode for different purposes. The first Cu-cathode has a surface diameter of 12 mm 
with a thickness of ~5 mm and deposits produced at this size of cathode are called as Dep-I. 
The platinised-titanium rod was used as an anode (length: 60 mm; surface diameter: ~5 mm) 
for deposition of the Dep-I samples. The second type of Cu-cathode has a surface dimension of 
21x21 mm2 with a thickness of ~2 mm and the deposited product is called as Dep-II. A double 
plate titanium-mesh was used as an anode (length: 120 mm; width: 60 mm) for deposition of 
Dep-II samples. A cellulose membrane was applied to cover the titanium-mesh anode surface 
to prevent excess side reaction. The mechanical and magnetic stirring systems were used for 
deposition of Dep-I and Dep-II samples, respectively. Dep-I samples were subjected for 
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characterisation of microstructure, investigation on the thermal stability and the micro-
mechanical properties of nanocrystalline Co-Cu. Dep-II samples were subjected for 
investigation of tensile strength, ductility and tension-tension fatigue properties of bulk samples 
of nanocrystalline Co-Cu. Pictures of Dep-I and Dep-II samples are shown in Figure 3.2. 
In the present work, caused by the wide-range of synthesis parameters, initial 
investigations must be performed to find the optimum range of deposition parameters. The 
criteria are based on quality and properties of the nanocrystalline Co-Cu deposits which are: (i) 
specific minimum thickness of hundreds micrometer (i.e. 700-800 µm of thicknesses are needed 
for tensile test specimens), (ii) homogeneous chemical composition and microstructure, and 
(iii) compact and porosity-free deposits. Investigations on the pulse duty cycle and current 
density were carried out with Dep-I samples, while determination of the pulse-on time was 
conducted with Dep-II samples. Initial investigations were performed at the various pulse 
current densities (500-1500 A/m2), duty cycles (10%-40%), and the pulse-on times (0.3-2.0 
ms). Results of these preliminary investigations are provided in Chapter 4. According to the 
initial investigation results, PED-processes of Dep-I were carried out at a pulse current density, 
a duty cycle, and a pulse-on time of 1000 A/m2, 10%, and 2 ms, respectively, which was 
presented also in the published results [188, 189]. Electrolyte composition and pulse-deposition 
parameters were not varied here due to acceptable quality and characteristics of the deposits. 
The PED-process of the Dep-II was performed at the various pulse current densities, duty 
cycles, and pulse-on times of 800-1000 A/m2, 10%-20%, and 0.3-0.5 ms. Pulse-deposition 
parameters were varied to produce different characteristic of deposits (e.g. chemical 
compositions, microstructure, and processing flaws), which has a direct impact on the 





Figure 3.2 Pictures of the nanocrystalline Co-Cu deposits at two different size of Cu-cathodes: (a) Dep-I: surface 
diameter of 12 mm and (b) Dep-II: surface dimension of 21x21 mm2. 
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 3.2. Characterization of nanocrystalline Co-Cu 
Investigations on structural properties (e.g. morphology, grain size, and phase 
distribution), chemical composition, and microhardness of nanocrystalline Co-Cu were 
performed through various methods. Characterizations were conducted at the cross-section 
and/or the planar-section surfaces, depending on the required information and measurement 
techniques. Investigations on thermal stability and microstructure evolution of nanocrystalline 
Co-Cu were conducted for Dep-I samples by isothermal annealing treatments in vacuum 
(pressure of 10-6 mbar) at different temperatures (300⁰C - 800⁰C) for various time periods (1-
64 h) and followed by rapid cooling to ambient room temperature. 
All as-deposited and annealed specimens were employed for surface preparation through 
subsequent grinding and polishing steps till mirror-like finished and almost scratch-free 
surfaces were obtained. The subsequent grinding steps were conducted by using SiC papers 
grids of 240, 320, 600, 1200, and 2500 for 1-2 minutes of individual grid at a speed of 150 rpm 
and followed by ultrasonic cleaning in ethanol solution for 5-10 minutes. Afterwards, 
subsequent steps of polishing were performed by using polishing cloths with diamond 
suspension sizes of 6 µm, 3 µm, and 1 µm, respectively. Each individual step of polishing was 
conducted for 5 minutes at a speed of 150 rpm and followed by ultrasonic cleaning in ethanol 
solution for 5 minutes. For the last step, OPU polishing was conducted for 2-3 minutes and 
followed by ultrasonic cleaning in ethanol solution for 10 minutes. 
Microstructure observation was performed in a Zeiss Sigma-VP scanning electron 
microscope (SEM) equipped with secondary electron (SE) and backscattered electron (BSE) 
detectors at acceleration voltages of 10-20 kV. Chemical composition analysis was carried out 
also in a SEM with an energy dispersive spectroscopy (EDS) detector and the AZtec software 
from Oxford Instruments Inc. at an acceleration voltage of 17 kV. Enhanced microstructural 
analysis and selective area diffraction (SAD) pattern of selected samples were gained in a JEOL 
JEM 2011 transmission electron microscope (TEM) at an acceleration voltage of 200 kV. 
Samples for the TEM measurement were prepared by cutting the polished specimens to a 3 
mm-diameter disk. Further preparation was conducted by creating an electron transparent film 
in planar direction at the centre of the disc by GATAN PIPS ion milling. The microstructural 
images obtained from SEM and TEM observations were used for grain size determination 
through the line interception method measuring lengths of individual grains with the ImageJ 
Version 1 software [190]. 
Microhardness measurements (HV 0.2) were conducted at a test force of 1.962 N with a 
DuraScan hardness testing device from Struers equipped with an ecos Workflow software from 
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EMCO-TEST Prüfmaschine GmbH. Twenty indentations at a distance of 30 µm and 200 µm 
from the Cu-substrate were made at the cross-sections. The presented data will be the mean 
value of microhardness at each distance and its standard deviation is used as error. X-ray 
diffraction (XRD) measurements were performed for phase analysis with Cu K-alpha radiation 
(λ: 1.5405980 Å) at a step size of 0.013⁰2θ/s. Fityk software [191] was used for refining and 
fitting the XRD-peak data. Surface topography and magnetic domain pattern of selected 
samples were observed through simultaneous atomic force microscope (AFM) and magnetic 
force measurement (MFM) in a Bruker AFM device. Raw images from the AFM-MFM 
measurements were processed with the Gwyddion software Version 2.50 [192] to enhance 
images quality and to extract one-dimensional magnetic domain pattern profiles. 
Atom probe tomography (APT) measurements were performed to get high-resolution 
mappings of the Co and Cu elements distribution at the nano scale, which could be less than 1 
nm. APT specimens were prepared by using a Helios NanoLab 600™ dual-beam focused ion 
beam/scanning electron microscopy workstation (FIB/SEM) from FEI Company by the lift-out 
technique explained elsewhere [193]. APT specimens were extracted from the selected 
positions within the nanocrystalline Co-Cu sample. One-dimensional concentration profiles 
were constructed from the regions of interest (ROI) within the APT specimens. Complete 
information about this APT measurement for nanocrystalline Co-Cu is available in a published 
paper [188]. 
 3.3. Static and cyclic micro-bending test 
In the present work, micro-mechanical tests were performed through static and cyclic 
micro bending tests to get better understanding on the strength and ductility of nanocrystalline 
Co-Cu. The presence of processing flaws is expected to be lower in micro-size specimens 
compared with the bulk samples as described in Chapter 2. Free standing micro bending beams 
were prepared by using a Helios NanoLab 600™ dual-beam FIB/SEM workstation from FEI 
Company at cross-section of the deposit. Micro beams were at a distance of ~200 µm from the 
substrate as shown schematically in Figure 3.3a. An example of an actual picture of a micro 
bending beam is shown in Figure 3.3b. Two different micro beam geometries were prepared, 
whereas the first type of micro beam (see Figure 3.3c) was subjected for an in-situ static 
bending test, while the second type of micro beam (see Figure 3.3d) was subjected for in-situ 
cyclic bending tests at different plastic surface strain amplitudes. Detailed information of the 

















Figure 3.3 (a) Schematic picture of the beam position at the cross-section of a nanocrystalline film. (b) A 
secondary electron (SE) image of a micro beam for cyclic bending tests. (c-d) Schematic pictures of micro beam 
geometries were used for (c) static and (d) cyclic micro bending tests. The dimensions of micro beams can be 
found in Chapter 6. Schematic pictures of (e) a nanoindentor and (f) a double blade griper were used for static 
and cyclic micro bending tests, respectively. 
In situ static and cyclic micro-bending tests were conducted in a TESCAN-Vega SEM 
provided with the nanoindentation system and the InspectorX Version 2 UNAT software from 
Advanced Surface Mechanics (ASMEC). In situ static and cyclic micro bending tests were 
conducted by using a nanoindenter (see Figure 3.3e) and a double blade griper (see Figure 
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3.3f), respectively, for transmitting mechanical loading onto the micro bending beams. The 
software recorded the force and displacement data, which were processed further and converted 
to surface stress (σs) and surface strain (εs) by using elastic bending beam theory as shown in 
Equation [3.1] and Equation [3.2]. The quantities of F and D are the recorded force and 
displacement, respectively. The length, width, and thickness of the micro bending beam are 
symbolised by LB, W, and T, respectively. Information about these static and cyclic micro 


















Figure 3.4 (a) Schematic picture of two tensile specimens in the as-deposited and annealed samples. (b) Schematic 
picture of the detailed dimension of tensile specimens (from [194]). The typical of (c) a secondary electron (SE) 
image of a cross-section of deposited films and (d) energy dispersive spectroscopy (EDS) line profiles of Co and 




 3.4. Static and cyclic tensile tests of bulk samples 
Dep-II samples were used for static and cyclic tensile tests of bulk samples of 
nanocrystalline Co-Cu. Deposited films were detached from Cu-substrates and two tensile 
specimens with a dog-bone type shape were manufactured from each deposit as shown in 
Figure 3.4a with a wire cutting machine. The tensile specimens have a gauge length, a width, 
and thicknesses of 6 mm, 2 mm, and 0.30-0.55 mm, respectively, as shown by the schematic 
picture in Figure 3.4b. Surface preparations were performed on the tensile specimens through 
the typical grinding and polishing steps as described in Section 3.2 to remove some remaining 
Cu-substrate (after the removal of substrate from the deposited film) and the significant surface 
roughness at the electrolyte side surface as shown by a SEM image and EDS line profiles in 
Figure 3.4c-d. The tensile specimens have quiet homogenous chemical composition along the 
cross-section. Caused by the non-standard size of the tensile specimens, a sample holder is 
needed to support the tensile specimens during the static and cyclic tensile tests. The design of 
the sample holder used in the present work is shown in Figure 3.5a. This sample holder and 
the tensile specimen were fixed to an Instron 8513 tensile testing machine as displayed in 
Figure 3.5b for static tensile tests. Static tensile tests were conducted at a single strain rate of 
1.0 × 10-3 s-1. The elongation of the tensile specimens was only recorded with the cross-head 
displacement and no extensometer used due to insufficient dimension of the gauge length for 







Figure 3.5 (a) Design of the tensile specimen holder (from [194]). (b) Set up of the tensile specimen and the tensile 
specimen holder at the static tensile testing machine in which the supporting holder is removed before the static 
tensile test (from [194]). 
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Similar test specimens and sample holder were used for the fatigue tests of bulk 
nanocrystalline Co-Cu. The sample holder including test specimens were fixed to a Rumul 
resonant fatigue testing machine as depicted in Figure 3.6 for tension-tension fatigue tests with 
a different gripper system. This gripper fixes the sample and sample holder to the testing 
machine during the fatigue test. The load increased test (LIT) and constant amplitude test (CAT) 
methods were conducted under stress-control at a stress ratio of 0.1 up to 2 million load cycles 
for different purposes. The recorded stress, strain, and frequency were analysed to investigate 
the hardening or softening behaviour during the fatigue tests. Detailed information of the test 
parameters of individual specimens can be found in Chapter 7. In most of the experiments, 
elongation were recorded from the cross-head displacement of the fatigue testing machine. A 
Limess real time strain sensor (RTSS) video extensometer was also used in some experiments 






Figure 3.6 Photographs of the experimental setup of test and specimen devices were used for the fatigue tests of 
bulk nanocrystalline Co-Cu viewed from (a) the front and (b) the side.  
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Chapter 4 - Selection of the Pulse-deposition 
Parameters 
Statement: Some results in this chapter have been published in the international journals (see 










Figure 4.1 Cross-sectional images of Dep-I samples with a surface diameter of 12 mm deposited at various duty 
cycles of (a) 10%, (b) 20% (from [194]), (c) 30% (from [194]), and (d) 40% (from [194]). Pulse current density 
and on-time were fixed at 1000 A/m2 and 2 ms, respectively. The films were deposited for different times of 
deposition which are (a) 30 h, (a) 13 h, (b) 8.5 h, and (c) 6.5 h to get ~300 µm of thickness. The crystal growth 
borders are marked with red arrows 
Extensive investigations were conducted for selecting the optimum deposition parameters. 
The first point is the selection of the duty cycle. Depositions at four different duty cycles (10%, 
20%, 30%, and 40%) were carried out at a pulse current density of 1000 A/m2 and a pulse-on 
time of 2 ms. Figure 4.1a,b show that compact and porosity-free deposits were obtained at duty 
cycles of 10% and 20%. Non-compact deposits were obtained at duty cycles of 30% and 40% 
as shown in Figure 4.1c,d. Accordingly, the upper limit of duty cycle is 20% to produce 
compact deposits. Thus, depositions were carried out at pulse current density of 10-20% in the 
present work. Deposition at duty cycles of below 10% was not preferred due to a low deposition 
rate and a high concentration of copper, which leads to a decrease of thermal stability and 
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mechanical strength which is discussed in the next chapters. Figure 4.1b-d show the presence 
of crystal growth borders (marked with red arrows), whereas a combined of field-oriented (FT) 
and unoriented dispersion (UD) growth types is observed [195]. The crystal growth borders 
have a strong contribution on ductility of PED-processed nanocrystalline materials, which is 














Figure 4.2 Energy dispersive spectroscopy (EDS) maps and EDS lines profiles of cross-sectional Dep-I samples 
(surface diameter of 12 mm) at various pulse current densities: (a-b) 500 A/m2, (c-d) 1000 A/m2 (from [188, 189]), 








Figure 4.3 Back-scattered electron (BSE) images of Dep-I samples deposited at pulse current densities of (a) 500 
A/m2 (from [188]) and (b) 1000 A/m2 (from [189]) at a pulse duty cycle of 10% and a pulse-on time of 2 ms. 
Figure (a) was taken at a position marked with a white rectangular in Figure 4.2a. 
The next consideration is the pulse current density. Pulse electrodepositions were 
conducted at three different pulse current densities (500 A/m2, 1000 A/m2, and 1500 A/m2) at a 
duty cycle of 10% and a pulse-on time of 2 ms. According to the theory of electrocrystallization, 
pulse current density has a crucial impact on grain size, whereas the grain size decreases with 
increasing pulse current density. Interestingly, the current work shows that pulse current density 
has a contribution also to chemical composition and homogeneity as shown by the EDS-maps 
and EDS-lines in Figure 4.2. EDS measurement on samples deposited at a pulse current density 
of 500 A/m2 (see Figure 4.2a,d) shows an inhomogeneous chemical distribution in which 
significant compositional fluctuations of Co and Cu were observed. In addition, a back-
scattered image of this sample (see Figure 4.3a) exhibits a non-uniform microstructure, 
whereas ultrafine and nanocrystalline grain sizes were found. Caused by inhomogeneous 
microstructure and chemical composition, deposition at a pulse current density of 500 A/m2 is 
not preferred for thick films of nanocrystalline Co-Cu. 
Deposition at a pulse current density of 1000 A/m2 produced a nanocrystalline Co-Cu film 
with considerably homogeneous chemical composition (Figure 4.2b,e) and microstructure (see 
Figure 4.3b). According to EDS and SEM measurements, this sample exhibits a chemical 
composition of 28 at% Cu and nano-grains with sizes of below 50 nm. Comprehensive 
investigations on microstructure, thermal stability, and micromechanical properties of this 
deposit are discussed in the next chapters. Nanocrystalline Co-Cu which was deposited at the 
highest pulse current density (1500 A/m2) exhibits homogeneous chemical composition of up 
to ~350 µm of thickness, but the concentration of Co drops drastically after this thickness (see 
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Figure 4.2c,f). A distinct appearance of micro-pores is also detected here as marked with white 
circles in Figure 4.2. It is believed that the formation of micro-pores is strongly influenced by 
hydrogen evolution at this high pulse current density. Accordingly, pulsed deposition at 1000 
A/m2 is preferred for deposition of nanocrystalline film for having a homogeneous chemical 
composition and microstructure with no formation of pore observed. 
  
(a) 
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(c) 
           
Figure 4.4 Combined SE and EDS-line profiles images of cross-sectional Dep-II samples (surface area of 21×21 
mm2) at various pulse-on times: (a) 2 ms, (b) 0.5 ms, and (c) 0.3 ms. The PED-process were performed at a fixed 




Thick films (200-300 µm) of nanocrystalline Co-Cu are required for investigations on 
thermal stability, structural evolution, and micro-mechanical properties (i.e. Dep-I samples). 
For this thickness requirement, synthesis of Dep-I samples can be performed at a pulse current 
density, a duty cycle, and a pulse-on time of 1000 A/m2, 10%, and 2 ms, respectively. The 
investigation shows that compact and homogeneous thick deposits of up to ~400 µm can be 
obtained at these deposition parameters. However, the EDS-line profile in Figure 4.2e shows 
that a further decrease in Co concentration is expected for deposition of thickness of over 400 
µm. Nanocrystalline films with at least 600-700 µm of thicknesses are needed for the 
investigation of bulk mechanical properties in Dep-II samples. It should be noted that the Dep-
II samples have a larger dimension than the Dep-I samples, so producing homogenous deposits 
is a key challenge here. Further improvement is needed for producing thick and homogeneous 
nanocrystalline films.  
Investigations on the pulse-on time for producing thick and homogeneous nanocrystalline 
films were tested. It can be shown that improvement on the chemical homogeneity can be 
obtained in Dep-II samples by varying the pulse-on times (0.3 ms, 0.5 ms, and 2 ms) at fixed 
pulse current density (1000 A/m2) and duty cycle (17.5%) as shown by the EDS-line profiles in 
Figure 4.4a-c. EDS-line profiles of sample deposited at a pulse-on time of 2 ms (see Figure 
4.4a) shows that cobalt concentration significantly decreases with increasing distance from the 
substrate. In addition, the cross-sectional SEM image of this sample deposited at the highest 
pulse-on times (2 ms) depicts a significant pore formation compared with the other samples. 
Caused by these limitations, deposition for Dep-II samples is not preferred at the pulse-on time 
of 2 ms. The pulse-on times were adjusted and Figure 4.4b,c show that the formation of ~600 
µm thick deposits of nanocrystalline Co-Cu with a homogeneous chemical composition is 
possible at pulse-on times of 0.3 ms and 0.5 ms. Therefore, these pulse-on times (i.e. 0.3 ms 
and 0.5 ms) are selected for the deposition of thick films of Dep-II samples. Other parameters 
such as pulsed duty cycle and pulsed current density were also varied. Comprehensive 
investigation on the effect of pulsed deposition parameters on the characteristic and mechanical 
properties of bulk nanocrystalline Co-Cu are discussed in Chapter 7.
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Chapter 5 - Thermal Stability and Microstructural 
Evolution 
Statements: Some results in this chapter have been published in the international journal (see 
Reference [188]) and conference proceeding (see Reference [189]).  
 5.1. As deposited state 
Investigations on the thermal stability and structural evolution of nanocrystalline Co-Cu 
were conducted with Dep-I samples. These samples were processed through at a pulse current 
density, a duty cycle, and a pulsed-on time of 1000 A/m2, 10%, and 2 ms, respectively. 
According to SEM and EDS results in Figure 4.2c, d, compact and homogeneous deposits of 
supersaturated solid solution nanocrystalline Co-Cu with a thickness of up to ~400 µm and a 
chemical composition of 72 at.% Co and 28 at.% Cu are achieved. Back-scattered electron 
(BSE) images of as-deposited sample (see Figure 4.3b) depicts nanostructured grains with sizes 
of closely below 50 nm. However, determination of the grain size from BSE image is difficult 
because of the resolution limit, thus, investigations through other techniques (e.g. transmission 
electron microscope) were needed. 
Figure 5.1a,b depict a bright- and a dark-field transmission electron microscope (BF- and 
DF-TEM) images of the PED-processed nanocrystalline Co-Cu showing some interesting 
microstructural features. Some twin structures are detected and marked with red arrows in 
Figure 5.1a. Twin formation in the PED-processed materials may be contributed by several 
factors, for instance: (i) the presence of chemical additives (e.g. saccharin and sodium dodecyl 
sulphate (SDS)) [145, 104], (ii) stress generation and relaxation when the current is on and off, 
respectively [102, 103, 178], and (iii) the high pulse current density [44, 107]. Figure 5.1c 
shows a grain size distribution of the as-deposited sample determined from a BF-TEM image 
confirming a mean grain size of 22.7 ± 8.2 nm. Several coarser grains with a size of larger than 
50 nm are observed with a fraction number of less than 5%. A phase analysis of the as-deposited 
sample was evaluated from selective area diffraction (SAD-TEM) (see Figure 5.1d) and x-ray 
diffraction (XRD) (see Figure 5.1e) patterns observing a face-centered cubic (fcc) structure of 
supersaturated solid solution Co-Cu with a strong and moderate intensity of {111} and {200} 
planes, respectively. Low intensities of {220}, {311}, and {222} planes are also observed. 
Individual Co or Cu phases (e.g. Co or Cu segregation) are not observed, but investigations at 













Figure 5.1 (a) Bright-field (BF) (from [188]) and (b) dark-field (DF) transmission electron microscope (TEM) 
images of the as-deposited sample (Dep-I). (c) Grain size distribution of the as-deposited sample measured from 
BF-TEM image (from [188]). (d-e) Phase and orientation observations of the as-deposited sample through (d) 








Figure 5.2 APT measurement of Co (blue) and Cu (orange) in the as-deposited sample: (a) Elemental map of a 
selected slice (5 nm thick) through a reconstruction of region of interest (ROI) (from [188]. (b) One-dimensional 
concentration profiles constructed from the white dashed line in the respective elemental map (from left to right) 
(from [188]). 
The microhardness of this PED-processed nanocrystalline Co-Cu is 4.45 ± 0.07 GPa. This 
microhardness is higher compared to nanocrystalline Co [13, 40], nanocrystalline Cu [65, 196], 
and HPT-processed nanocrystalline Co-25%Cu [13, 29] and Co-74%Cu [27, 29]. The high 
microhardness in the PED-processed nanocrystalline Co-Cu may be contributed by several 
factors which are: (i) solid solution strengthening of Co-Cu, (ii) presence of twins, (iii) co-
deposition of impurity elements (e.g. sulphur and carbon) [188], and (iv) different chemical 
composition, grain size, and characteristics of lattice defects. 
Atom probe tomography (APT) measurements were conducted to construct elemental 
maps and one-dimensional concentration profiles of Co (blue) and Cu (orange) at nanometer 
scale as depicted in Figure 5.2a,b. According to APT measurements, the as deposited 
nanocrystalline Co-Cu exhibits solid solution region. The concentration in the solid solution 
region is not perfectly homogenous at nanometer scale, but short range fluctuations (i.e. 
spinodal structure) and segregation of Co or Cu are not found from the measurement. 
 5.2. Thermal stability 
Investigations on the thermal stability of the PED-processed nanocrystalline Co-Cu were 
conducted through isothermal annealing at various temperatures (300- 600°C) for different time 
periods (1 h, 5 h, and 24 h). Grain size and microhardness of the annealed samples were 
measured and the results are provided in Table 5.1. A hardening effect is observed in all 
samples annealed at 300°C, whereas microhardness increases from 4.45 ± 0.07 GPa up to 4.89 
± 0.06 GPa (see Table 5.1). It is believed that spinodal decomposition has a strong contribution 
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on the hardening effect, but it needs more comprehensive investigations which is discussed 
later. BSE images of the microstructure (see Figure 5.3a-c) show no significant grain 
coarsening compared with the as-deposited sample at 300°C (see Figure 4.3b). According to 
microstructure images, grain sizes of these annealed samples remain below 50 nm. 
Table 5.1 Microhardness and grains size of samples annealed at the various temperatures (300-600 °C) for 
different time periods (1-24 h). Grain size determinations were performed through the BSE image of individual 
samples as provided in Figure 5.3. For comparison, microhardness and grain size of the as-deposited sample are 
22.7 ± 8.2 nm and 4.45 ± 0.07 GPa, respectively. 
 
Microhardness (GPa) Grain size (nm) 
1 h 5 h 24 h 1 h 5 h 24 h 
300°C 4.89 ± 0.06 4.67 ± 0.18 4.56 ± 0.06 <50 <50 <50 
400°C - - 4.35 ± 0.10 - - 82.49 ± 28.0 
450°C 4.43 ± 0.07 4.40 ± 0.06 4.31 ± 0.05 122.0 ± 19.4 124.0 ± 40.5 127.0 ± 39.0 
600°C 3.94 ± 0.06 3.69 ± 0.06 3.25 ± 0.12 159.6 ± 66.2 183.6 ± 67.2 218.6 ± 73.2 
 
Annealing treatments at the higher temperatures were performed to find the starting 
temperature for grain growth in the PED-processed nanocrystalline Co-Cu. A slight grain 
coarsening is firstly detected in samples annealed at 400°C for 24 h. A BSE image of the 
microstructure (see Figure 5.3d) reveals minor grain coarsening showing a certain number of 
ultrafine grains (ufg). However, major nanocrystalline structures are still observed here as an 
indication of in-progress grain coarsening. Annealing at 400°C leads to an increase of the 
average grain size to 82.49 ± 28.0 nm and is accompanied with a decrease of microhardness to 
4.35 ± 0.10 GPa (see Table 5.1).  
Significant grain coarsening is observed at 450⁰C. BSE images of these annealed samples 
depict an ultrafine grain structure with an average size of ~120 nm (see Table 5.1 and Figure 
5.3e-g). Interestingly, a stagnant increase of grain size is found after annealing for 5 h and 24 h 
(see Table 5.1 and Figure 5.3e-g), whereas a grain coarsening inhibition may occur. As a result, 
the microhardness does not decrease significantly after annealing for 5 h and 24 h. In contrast, 
annealing at 600⁰C leads to a different grain coarsening behavior. Here, a more pronounced 
grain coarsening is obtained up to ~200 nm of grain size after annealing at 600⁰C for 24 h (see 
Table 5.1 and Figure 5.3h-j). Grain coarsening inhibition is not observed at this annealing 
temperature, whereas grain size increases with increasing time of annealing. Different grain 
coarsening behaviour is observed at 450⁰C and 600⁰C in which spinodal or phase decomposition 
may have a contribution here. Further investigations are needed for comprehensive 




























Figure 5.3 Back-scattered electron (BSE) images of microstructure of the (a) as deposited (from [189]) and (b-j) 
annealed (from [188]) samples in cross-sectional direction. All pictures were taken at the same magnification. 
Some interesting microstructural features are marked with red arrows in Figure (e-j). (UFG: Ultrafine grained; 
NC: Nanocrystalline). Some interesting microstructural features (dark particles) are marked with red arrows. 
 5.3. Microstructural evolution: On the spinodal decomposition at 300⁰C 
In this section, possible structural evolution at different annealing temperature and its 
effect on the thermal stability is discussed. According to the results, annealing at 300⁰C leads 
to a hardening effect with no significant grain coarsening observed. In the previous works, Cahn 
[197] and Kato et al. [198] proposed the theory of hardening by spinodal decomposition in the 
solid solution of fcc-structure alloys. It was described that dislocation movement is significantly 
different in the presence of compositional fluctuations and internal stresses due to spinodal 
decomposition, whereas an increase of strength is expected. The temperature for spinodal 
decomposition depends on the alloy composition. Investigations through computer simulation 
predicted that spinodal decomposition in Co-Cu alloys is possible at an annealing temperature 
of 450⁰C [199, 200]. The temperature for spinodal decomposition could be lower for 
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nanocrystalline materials due to higher number of vacancy-type defects and grain boundaries 
which enhances significantly the atomic diffusivity compared to microcrystalline materials 
[201]. For instance, Bachmaier et al. [27] observed a spinodal decomposition of the solid HPT-










Figure 5.4 (a) BF-TEM image of a sample annealed at 300⁰C for 64 h (from [188]). (b) Grain size distribution 
corresponds to Figure (a) (from [188]). (c-d) Phase and orientation observations of an annealed sample through 
(c) SAD-TEM and (d) XRD measurements (from [188]). 
In the present work, one sample was annealed at 300⁰C for a longer time period up to 64 h 
for investigation of the spinodal decomposition. Figure 5.4a depicts a bright field (BF)-TEM 
image of the microstructure of this sample showing an identical microstructure compared with 
the as-deposited state (see also Figure 5.1a). The microstructure of the annealed sample still 
comprises twin structures which are marked with red arrows in Figure 5.4a. Grain size 
distribution of this annealed sample (see Figure 5.4b) confirms no significant grain coarsening, 
whereas nanostructured grains with a size of 27.2 ± 7.9 nm were measured. The measured 
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microhardness of this annealed sample is 4.83 ± 0.07 GPa, observing the same hardening effect 
as in other samples annealed at 300⁰C. Phase and orientation analysis were performed for this 
annealed sample to observe the possibility of phase transformations (e.g. spinodal or phase 
decomposition from fcc-solid solution Co-Cu to fcc-Cu, fcc-Co, and hcp-Co). Comparing with 
the as-deposited state, significant changes of phase and orientation are not detected from SAD-
TEM and XRD patterns (see Figure 5.4c,d). Interestingly, a minor shift of the lattice parameter 
of mainly {111} and {200} planes are observed from the measurements. Minor lattice shifts 
may be contributed by several factors, which are: (i) nano-scale spinodal or chemical 
decomposition, (ii) grain boundaries relaxation, (iii) internal stresses relief, and (iv) reduction 
of defect density. In the present work, the investigation is focussed on the spinodal or chemical 
decomposition. A more comprehensive investigation at the nano-scale (e.g. APT 
measurements) is needed for observation of spinodal decomposition. 
 
(a) 
          
  
(b) 
              
Figure 5.5 APT investigation of Co (blue) and Cu (orange) elements of a sample annealed at 300⁰C for 64 h: 
Elemental map of selected slices (5 nm thick) (a and b) of two different reconstructions from a similar sample and 
one-dimensional concentration profiles constructed along the a white dashed lines in the respective elemental maps 




(a)       
 
(b) 
Figure 5.6 (a) A typical combined APT elemental map and iso-concentration surfaces at 85 at.% Co and 60 at.% 
Cu showing the regions used to calculate the approximated volume fraction of Co- and Cu-rich regions in a sample 
annealed at 300⁰C for 64 h. (b) Approximated volume fraction of Co- and Cu-rich regions (i.e. >85 at.% Co and 
>60 at.% Cu) measured from four different reconstructions. 
Atom probe tomography (APT) was conducted for a sample annealed at 300⁰C for 64 h. 
Figure 5.5a,b depict APT elemental maps of selected slices from different reconstructions in 
an annealed sample and their one-dimensional concentration profiles observing spinodal 
decomposition of the solid solution Co-Cu. The first reconstruction (Figure 5.5a) shows short 
range compositional fluctuations in the solid solution regions which are not observed in the as-
deposited samples (see also Figure 5.2). According to Cahn [202], short range compositional 
fluctuations are one of the crucial attribute for spinodal decomposition and it should occur 
uniformly within the sample. These fluctuations should raise continuously until a metastable 
equilibrium is achieved [202]. According to the phase diagram of the Co-Cu system [203], the 
formation of immiscible ε-Co and α-Cu phases is expected during a metastable equilibrium at 
300⁰C. Additionally, the second reconstruction (Figure 5.5b) shows extensive compositional 
fluctuations confirming Co-rich regions (up to 95 at.% Co) and Cu-rich regions (up to 90 at.% 
Cu) with a size of 5-10 nm. It is believed that these Co- and Cu-rich regions may act as 
‘precipitates’ which have a significant contribution to the hardening effect at 300⁰C. 
An Estimation of the volume fractions of the Co- and Cu-rich regions was determined by 
iso-concentration surfaces in four reconstructions. Figure 5.6a shows an example of combined 
APT elemental map and iso-concentration surfaces at 85 at.% Co and 60 at.% Cu. The threshold 
value of the iso-concentration surfaces were chosen from the middle point between the highest 
solid solution composition (70 at.% Cu and 30 at.% Cu) and its composition in the Co-rich 
region (95 at.% Co) and the Cu-rich region (90 at.% Cu). Figure 5.6b shows the volume 
fraction of the regions containing high Co and Cu concentrations (>85 at.% Co and >60 at.% 
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Cu). The volume fractions in reconstruction-IV deviates from the other three reconstructions 
due to the small volume analysed by APT and the fluctuation in the element's distribution in 
the sample. According to the whole calculation, the number of Co- and Cu-rich regions formed 
upon chemical decomposition at 300oC is less than 20 vol%. 
Table 5.2 Distances of atomic diffusion of Co and Cu at 300⁰C for 64 h calculated through the classical theory of 
diffusion. The diffusion coefficients were selected from some literatures and they were extrapolated to 300⁰C 
through the Arrhenius relation (D = A exp [−EA/RT]). (mc: microcrystalline; nc: nanocrystalline) 
Diffusion mechanism 
Diffusion coefficient at 
300⁰C (cm2.s-1) 
Distance of atomic 
diffusion (nm) 
Reference 
Co self-diffusion 1.03 × 10-26 5.00 × 10-4 Nix et al. [204] 
Cu diffusion in Co 8.54 × 10-26 1.40 × 10-3 Arita et al. [205] 
Interdiffusion Co-Cu 4.16 × 10-22 9.80 × 10-2 Bruni et al. [206] 
Cu self-diffusion in mc Cu 
3.36 × 10-19 2.78 Kuper et al. [207] 
1.57 × 10-19 1.90 Bowden et al. [208] 
1.15 × 10-19 1.63 Surholt et al. [209] 
Cu self-diffusion in nc Cu 6.69 × 10-11 1.58 × 104 Horvart et al. [201] 
 
Spinodal decomposition in nanocrystalline Co-Cu occurs through the atomic diffusion of 
Co and Cu at grain boundaries and within individual grains. Diffusion at grain boundaries may 
lead to a faster decomposition of Co-Cu (i.e. formation of Co- and Cu-rich regions), but 
diffusion for spinodal decomposition is supposed to occur dominantly within individual grains, 
since grain boundary diffusion is assumed negligible (i.e. no grain coarsening). According to 
the measured lengths of compositional fluctuations, including Co- and Cu-rich regions (see 
Figure 5.5a,b), the maximum distance of the atomic diffusion of Co and Cu at 300⁰C for 64 h 
is ~10 nm. A simple and rough calculation was conducted for determination of diffusion 
coefficient in Co-rich nanocrystalline Co-Cu through the classical theory of diffusion equation 
(𝐿 = √𝐷𝑡, where D, L, and t are the diffusion coefficient, the diffusion distance, and time, 
respectively). The calculation confirms that the overall diffusion coefficients in nanocrystalline 
Co-Cu at 300⁰C is 4.34×10-18 cm2.s-1. Regarding chemical composition (72 at.% Co and 28 at.% 
Cu), there are three possible diffusion mechanisms in the Co-rich nanocrystalline Co-Cu: (i) Co 
self-diffusion; (ii) Cu diffusion in Co; (iii) interdiffusion of Co-Cu. For comparison, the 
diffusion distances of Co and Cu in conventional bulk or microcrystalline Co [204, 205] and 
Co-Cu [206] were also calculated through the same equation and the results are shown in Table 
5.2. According to these calculations, spinodal decomposition in conventional bulk Co or Co-
Cu is almost impossible at 300⁰C due to low calculated atomic mobility of less than 1 nm. It is 
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believed that the diffusion rate in nanocrystalline and bulk/microcrystalline materials is 
significantly different due to several factors such as grain boundaries, vacancies, dislocations, 
and others. For instance, Table 5.2 shows different characteristics of self-diffusion of Cu in 
microcrystalline [207, 208, 209] and nanocrystalline [201] materials. Here, the atomic mobility 
in nanocrystalline materials is ten thousand times faster than in microcrystalline materials. 
These results are not surprising due to a significantly higher number of mainly grain boundaries 
and vacancy-type defects within individual nanostructured grains [201]. Study on diffusion 








Figure 5.7 Back-scattered electron (BSE) images of the microstructure of samples subjected to two steps of 
annealing (TSA). (a) TSA-I: Annealed at 300⁰C for 64 h → Rapid cooling to room temperature → Annealing at 
600⁰C for 1 h. (b) TSA-II: Annealing at 300⁰C for 64 h → Rapid cooling to room temperature → Annealing at 
600⁰C for 5 h.   
In the present work, the effect of spinodal decomposition on the thermal stability is studied. 
Two samples were prepared for two steps annealing (TSA) procedures. The first annealing step 
at 300⁰C for 64 h is subjected for spinodal decomposition leading to the formation of Co- and 
Cu-rich regions and compositional fluctuations with no grain coarsening. The second annealing 
step at 600⁰C is addressed for investigation of the thermal stability. In the first annealing step, 
the samples were annealed at 300⁰C for 64 h and followed by rapid cooling to ambient room 
temperature. Afterwards, the samples were annealed at 600⁰C for different time periods of 1 h 
(TSA-I) and 5 h (TSA-II). Figure 5.7a,b depict BSE images of microstructure of TSA-I and 
TSA-II samples after two annealing steps. The grain size of TSA-I and TSA-II samples are 
149.2 ± 42.6 nm and 184.0 ± 51.2 nm, respectively. The microhardness of the TSA-I and TSA-
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II samples are 4.14 ± 0.05 GPa and 3.82 ± 0.03 GPa respectively. Slight improvement on the 
thermal stability is observed here compared to samples annealed at 600⁰C only (see also Table 
5.1). The formation of Co- and Cu-rich regions and compositional fluctuations may have a 
contribution on the improvement of thermal stability. These Co- and Cu-rich regions may act 
as “stabilisers” mainly at grain boundaries which block grain boundary movement (i.e. Zener 
pinning). In addition, compositional fluctuations are a barrier for the atomic diffusion of Co and 
Cu, which are necessary for grain boundary movement. It has been understood that atomic 
diffusion in different phases (in this case compositional fluctuation) is more difficult than 
atomic diffusion in a single phase structure. An improved thermal stability can be contributed 
also by other factors such as segregation of impurities (e.g. sulphur and carbon) at grain 
boundaries, however, it is not a part of investigation in this research. 
 5.4. Microstructural evolution: Phase decomposition at 450⁰C and 600⁰C 
Figure 5.3e-g depict microstructure images of samples annealed at 450⁰C. The significant 
grain coarsening and decrease of microhardness of these annealed samples have been already 
described and a constant grain size was achieved after particular annealing time periods. The 
factors affecting the grain growth inhibition are discussed here. Figure 5.8a,b show XRD 
patterns of samples annealed at 450⁰C for 5 h and 24 h showing some phase decompositions 
and transformations. A shoulder on the peak of the {111} planes is an indication of the initial 
stage of spinodal decomposition in the sample annealed at 450⁰C for 5 h (marked with a black 
arrow in Figure 5.8a). This shoulder is supposed to be the peak of α-Cu-{111} planes. 
However, an obvious phase decomposition is not observed here. A simultaneous grain 
boundaries movement and spinodal decomposition are expected during short annealing periods 
(1 h and 5 h). Initial stage of spinodal decomposition within individual grain is expected to form 
compositional fluctuations of Co and Cu. The spinodal decomposition could be faster at grain 
boundaries and triple junction due to higher mobility for atomic diffusion. This may lead on the 
formation of some “spots” with high Cu concentration as detected from XRD pattern. BSE 
image of the microstructure (see Figure 5.3f) shoes numerous “dark spots” at grain boundaries 
and triple junctions. These features are supposed to be Cu-precipitates formed during fast 
spinodal decomposition in these regions. In contrast, an obvious phase decomposition of the 
solid solution Co-Cu is observed from XRD pattern of a sample annealed at 450 °C for 24 h 
(see Figure 5.8b). The XRD peaks of fcc-Cu, fcc-Co, and hcp-Co are detected here. The XRD 
peaks of the Co-Cu solid solution remain visible as an indication of an in-progress phase 
decomposition. Longer annealing periods are needed for a complete phase decomposition. BSE 
images of the microstructure (see Figure 5.3g) shows a similar high quantity of “dark spots” at 
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grain boundaries and triple junctions, which are supposed to be the Cu- or Co-precipitates (fcc-
Co and hcp-Co are also detected in this sample). These precipitates are the reason for the 
constant grain size due to grain growth inhibition through the pinning of grain boundaries 
mechanism (Zenner pinning mechanism). In addition, the atomic diffusion necessary for grain 
boundary movement is expected to be harder in the multiple phases, for instance, moving a Cu 
grain into a Co grain needs a redistribution of a huge amount of atoms caused by the 
immiscibility gap of the system. These are the major factors for grain growth inhibition during 
long annealing periods at 450⁰C. Other factors such as segregation of impurities (e.g. sulphur 










Figure 5.8 X-ray diffraction (XRD) patterns of samples annealed at (a-b) 450⁰C and (c-d) 600⁰C for different time 
periods of 5 h and 24 h (from [188]). 
The microstructure images of samples annealed at 600⁰C (Figure 5.3h-j) show more 
pronounced grain coarsening, followed by a decreasing of microhardness down to below 4 GPa 
(Table 5.1). XRD measurements of samples annealed at 600 °C for 5 h and 24 h exhibit a 
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massive phase decomposition (Figure 5.8c,d). The{111} peaks of fcc-Cu and fcc-Co are 
perfectly separated after 5 h and 24 h of annealing. In addition, phase separation of fcc-Cu and 
fcc-Co at{200}planes are detected after 24 h of annealing too. A larger number of “dark spots”, 
which could be Co- or Cu-precipitates are found in the microstructure images of sample 
annealed for 1 h and 5 h (Figure 5.3h-i). In contrast, these precipitates are rarely found after 24 
h of annealing (Figure 5.3j). These precipitates are likely to grow further and becoming grains 
after long time periods of annealing (24 h). The EDS map of a sample annealed at 600⁰C for 24 
h (see Figure 5.9) shows a microstructure consisting of almost pure Co and Cu regions, which 
is an indication of almost complete phase decomposition. Furthermore, constant grain size 
cannot be obtained at 600⁰C, whereas the grain size increases with increasing annealing time. 
The mobility of grain boundary is rather high at 600°C, thus, the phase separation of Co-Cu 








Figure 5.9 (a) A back-scattered electron (BSE) image of the microstructure of a sample annealed at 600⁰C for 24 
h. (b-c) EDS-map of (b) Co and (c) Cu elements from area marked within yellow dashed box on Figure (a). 
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 5.5. Effect of Cu concentration on the thermal stability 
In this section, the effect of Cu concentration on the thermal stability of nanocrystalline 
Co-Cu is in the focus. Three samples with different Cu concentrations were deposited through 
different pulse profiles and parameters. The first sample (S1) is a similar Dep-I sample 
deposited at a pulse current density, a pulse-on time, and a pulse-off time of 1000 A/m2, 2 ms, 
and 18 ms, respectively. Characterization of microstructure, chemical composition, and 
microhardness of this sample is provided in Section 5.1. The sample S1 consists of 28 at.% Cu 











Figure 5.10 Pulse profiles and parameters of electrodeposition used to produce nanocrystalline Co-Cu with 
different Cu concentration: (a) 38 at.% Cu (S2) and (b) 43 at.% Cu (S3). BSE images of microstructure of (c) S2 
(38 at.% Cu) and (d) S3 (43 at.% Cu) samples. 
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The second (S2) and third (S3) samples were produced through different pulse profiles and 
parameters as shown in Figure 5.10a,b. A reverse current of 100 A/m2 (10% of pulse current) 
is used for different time periods. The decrease of Co content is expected from the utilization 
of reverse current. Caused by the more negative standard reduction potential of Co (E⁰(Cu2+/Cu) = 
+0.34 V vs. SHE and E⁰(Co2+/Co) = -0.28 V vs. SHE), Co dissolution is the more dominant process 
instead of Cu dissolution when reverse current is applied. As a result, the copper concentration 
increases in S2 and S3. The rate of Co dissolution increases with increasing time periods of the 
reverse current (trev). According to EDS measurements, the Cu concentration in S2 and S3 are 
38 at.% and 43 at.%, respectively. According to Müller [77], the increase of Cu concentration 
might lead on the formation of a coarser grain size and decrease of microhardness in 
nanocrystalline Co-Cu. Figure 5.10a,b depict BSE images of microstructure of S2 and S3, 
showing a considerably coarser grain size compared to S1 (see Figure 4.3b). However, a 
determination of the grain size from BSE images is difficult due spatial resolution limit. 
Approximations from microstructure images shows that grain sizes of S2 and S3 samples are 
ranging from 30 nm to 50 nm. The microhardness of S2 and S3 are 4.39 ± 0.10 GPa and 4.38 
± 0.05 GPa, respectively. These microhardness values are slightly lower compared to S1 due to 
the larger grain size and higher Cu concentrations. 
Annealing treatments at different temperatures (300⁰C, 450⁰C, and 600⁰C) for 5 h were 
conducted for investigation of the thermal stability. The thermal stability of S1 has been 
discussed already in Section 5.2. Grain size and microhardness of the annealed samples were 
measured to investigate grain coarsening due to thermal loading. The microhardness of as-
deposited and annealed samples are summarized in Figure 5.11a. All samples (S1, S2, and S3) 
show a hardening effect after annealing at 300⁰C for 5 h. These results are not surprising as due 
to spinodal decomposition at 300⁰C is observed, the formation of 5-10 nm sized of “spots” with 
high Co and Cu concentration is observed (see Section 5.3). These “spots” may act as 
precipitates contributing to the hardening effect. Comparing with the as-deposited state, 
microhardness of S1 and S2 increase up to ~5%, while S3 exhibits the lowest increase of 
microhardness of ~4%. Figure 5.11b,c show BSE images of microstructures of the S2 and S3 
samples annealed at 300⁰C for 5 h. The microstructure image of the 300⁰C-annealed S2 sample 
(Figure 5.11b) shows no significant grain coarsening with grain sizes of below 50 nm. In 
contrast, Figure 5.11c depicts a slight grain coarsening in a 300⁰C-annealed S3 sample. The 
mean grain size of S3 sample is 75.1 ± 19.8 nm. A numbers of “dark spots” are observed in the 
300⁰C-annealed S3 sample which are marked with red arrows in Figure 5.11c. These “dark 
spots” may correspond to the Co- and Cu-precipitates formed during spinodal decomposition 
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at 300⁰C influencing the increase of microhardness. Grain coarsening in nanocrystalline 
materials is usually followed by a decrease in microhardness. However, competition between 
grain coarsening and spinodal decomposition (formation of precipitates) is expected in a 300⁰C-
annealed S3 sample. It is possibly the reason for the lowest increase of microhardness in a 








Figure 5.11 (a) Microhardness of as deposited and annealed samples (S1, S2, and S3) containing different Cu 
concentration. The numbers within individual bars (in vertical direction) show the relative increase (positive) and 
decrease (negative) of microhardness compared with the as-deposited state (in percent). (b-c) BSE images of 
microstructure of (b) S2 (38 at.% Cu) and (c) S3 (43 at.% Cu) samples annealed at 300⁰C for 5 h
Significant grain coarsening is observed in all samples (S1, S2, and S3) annealed at 450⁰C 
for 5 h. Comparing with the as-deposited state, the microhardness of S1, S2, and S3 decrease 
for 1.10%, 2.68%, and 6.49% (see Figure 5.11a). The grain sizes of the annealed samples of 
S1 and S2 are quiet similar (~ 124 nm), while the annealed sample of S3 exhibit a larger grain 
size of 133.7 ± 39.2 nm. Annealing at 600⁰C for 5 h lead to a more pronounced grain coarsening. 
The grain sizes of S1, S2, and S3 annealed at 600⁰C for 5 h are 160.7 ± 67.2 nm, 173.2 ± 71.6 
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nm, and 193.0 ± 50.4 nm, respectively. The most significant grain coarsening and reduction of 
microhardness is observed in a 600⁰C-annealed S3 sample. Microhardness of S3 decline to 3.00 
GPa or decrease for 31.54% compared to the as-deposited state. These investigations confirms 
that the Cu concentration has a strong impact on the thermal stability of nanocrystalline Co-Cu. 
In S1 (28 at.% Cu) and S2 (38 at.% Cu), grain coarsening is not observed at 300⁰C. The results 
for S1 (28 at.% Cu) show that grain coarsening is firstly detected at 400⁰C (see Section 5.2). In 
S3 (43 at.% Cu), grain coarsening possibly started at 300⁰C. A higher Cu concentration drive 
to lower stability against thermal loading at the higher temperatures (450⁰C and 600⁰C). In the 
present work, proper thermal stability of nanocrystalline Co-Cu up to 300⁰C can be achieved if 
the concentration of Cu is below 40 at.%. Further investigations are needed for revealing the 
starting temperature for grain coarsening and the long-term thermal stability of nanocrystalline 
Co-Cu at more varied Cu concentration. 
 5.6. Grain growth mechanisms in nanocrystalline Co-Cu 
The possible grain growth mechanism at annealing temperatures of 450⁰C and 600⁰C is 
studied, because a significant grain coarsening was observed. The study will be more focussed 
on the grain growth exponent number (n) as described in Chapter 2. The n-value can be 
determined with two different approaches: (i) the initial grain size (D0) is assumed very small 
compared to the final grain size (D) (equation [2.17]: 𝐷 = 𝐾. 𝑡1/𝑛); (ii) initial grain size (D0) is 
included in the calculation (equation [2.16]: 𝐷𝑛 − 𝐷0
𝑛 = 𝐾𝑡). Whereas K and t are the rate 
constant and the annealing time, respectively. These two approaches were used since the D/D0 






Figure 5.12 Determination of grain growth exponent (n) by using equation [2.17] (𝐷 = 𝐾′. 𝑡1/𝑛) for 











Figure 5.13 Determination of grain growth exponent (n) by using equation [2.16] (𝐷𝑛 − 𝐷0
𝑛 = 𝐾𝑡). The grain 
sizes data were taken from Table 5.1. The n-value were varied to get the highest coefficient of determination for 
linear regression (R2) as shown in (a) 450⁰C with n = 70 and (b) 600⁰C with n = 9. The coefficient of determination 
(R2) at different grain growth exponent (n) for samples annealed at (c) 450⁰C and (d) 600⁰C. 
For the first approach (equation [2.17]), the grain growth exponent (n) can be easily 
determined from the logarithmic plot as shown in Figure 5.12a,b. The n-value at 450⁰C and 
600⁰C are 79.18 and 10.13, respectively. For the second approach (equation [2.16]), two 
parameters (1/n and K) are unknown and they cannot be easily determined from the plot. Thus, 
the n-value must be varied as shown in Figure 5.13a,b. The n-value having the highest 
coefficient of determination for linear regression (R2) is selected as shown in Figure 5.13c,d. 
According to the second approach, the n-value at 450⁰C and 600⁰C are 70 and 9, respectively. 
The two approaches show a very high n-value at 450⁰C (n = 70-79) and 600⁰C (n = 9-10) 
compared to the ideal parabolic relationship (n = 2). It is believed that grain growth mechanism 
in solid solution nanocrystalline Co-Cu is not only driven by the curvature of boundaries. In 
addition, these n-values are extremely higher than the observed in nanocrystalline pure Cu (n = 
3-4) [8, 124]. A high n-value in nanocrystalline Co-Cu could be an indication of grain growth 
inhibition at 450⁰C and 600⁰C. According to the results in Section 5.4, spinodal and phase 
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decomposition may have a significant impact to grain growth inhibition at 450⁰C and 600⁰C. A 
significant decrease of grain growth exponent from n = 70-79 at 450⁰C to n = 9-10 may indicate 
a higher atomic mobility at 600⁰C, thus a stagnant grain growth cannot be observed at this 
temperature. To conclude, grain growth mechanism in solution nanocrystalline Co-Cu may be 
attributed to some factors: (i) grain boundary curvature, (ii) solute drag effect (e.g. copper and 
sulphur), (iii) second phase particles drag (formation of Cu-precipitate), (iv) spinodal and phase 
decomposition (interdiffusion of Co-Cu), and, (v) large grain boundaries volume (e.g. vacancy 
drag, triple junction drag, pores drag). 
 5.7. Magnetic properties 
Preliminary investigations on the magnetic properties of nanocrystalline (nc) and ultrafine 
grained (ufg) Co-Cu (28 at.% Cu) were conducted through the magnetic force microscopy 
(MFM). Ufg samples were obtained through annealing treatments at temperatures of 450⁰C, 
600⁰C, and 800⁰C for 5 h. Figure 5.14a-d depict combined AFM-MFM images of surface 
morphology and magnetic domain pattern of the as-deposited and annealed samples. MFM 
measurement is based on Interaction between the cantilever tip and sample surface. It is worked 
usually in amplitude modulation mode at a certain resonance frequency or phase [210]. In case 
of magnetic fields exit in the sample surface, it causes a shift of resonance frequency or phase. 
The positive (bright contrast) and negative (dark contrast) shift of resonance frequency or phase 
corresponds to repulsive and attractive magnetic forces, respectively. In the present work, the 
magnetic behaviour of the sample is represented by the MFM phase signal. Figure 5.14e 
summarizes one-dimensional profiles of the normalized MFM phase signal of individual 
samples corresponding with the white dashed lines (left to right) in the respective MFM images. 
The normalized MFM phase is calculated through subtraction of the actual MFM phase with 
the median value of MFM phase. Large fluctuations and high amplitudes of the MFM phase 
indicate a strong magnetization of the sample surface. Regarding the MFM measurements, as-
deposited and 450⁰C-annealed samples show a weak magnetic domain pattern. A slight enhance 
of MFM phase signal is visible for the sample annealed at 600°C. In contrast, a strong magnetic 
domain pattern is visible in the sample annealed at 800°C for 5 h. MFM phase amplitude of the 
800⁰C-annealed sample is up to 4 times higher compared to other samples. 
The magnetic properties of the Co-Cu alloy is a directly caused by the compositional 
modulated structure of Co and Cu. The size of the modulated structure has also a contribution 
on the magnetic properties due to maximum spatial resolution of MFM (typically ~50 nm) 
[211]. The as-deposited sample exhibits a supersaturated solid solution of Co-Cu. APT 
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measurements (Section 5.1) of as-deposited samples show no modulated structure of Co-Cu 
and Co- or Cu-segregation. Therefore, a weak magnetic domain pattern in as-deposited sample 
is not surprising. The XRD pattern of a sample annealed at 450⁰C for 5 h (Section 5.4) show 
an initial stage of spinodal and phase decomposition, in which the formation of regions with 
high Cu concentration (e.g. Cu-precipitates) is expected. However, the size of these Cu-
precipitates is less than 50 nm which is difficult to detect by MFM. In addition, a significant 
phase decomposition is also not observed here, which has a direct impact on a weak magnetic 
domain pattern of this annealed sample. On the other hand, the XRD pattern of a sample 
annealed at 600⁰C for 5 h (Section 5.4) show a clear phase decomposition of Co and Cu, 
whereas the XRD peaks of {111}-Cu and {111}-Co are detected. This phase decomposition 















Figure 5.14 Combined AFM-MFM images of surface morphology and magnetic domain pattern of nc and ufg Co-
Cu: (a) as deposited and annealed at (b) 450°C, (c) 600°C, and (d) 800°C for 5 h. (e) One-dimensional profiles of 







Figure 5.15 (a) X-ray diffraction (XRD) pattern and (b) energy dispersive spectroscopy (EDS) map of a sample 
annealed at 800⁰C for 5 h. 
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The XRD pattern of a sample annealed at 800⁰C for 5 h show an even more pronounced 
phase decomposition of Co and Cu. The XRD peaks of {111}-Cu, {200}-Cu, {111}-Co and 
{200}-Co planes are detected (see Figure 5.15a). A weak XRD peak of {101}-hcp-Co planes 
is also observed. In addition, the EDS map of this annealed sample (see Figure 5.15b) shows 
microstructure consisting of almost pure Co and Cu regions with sizes of 0.5-2.0 μm, showing 
a perfect phase decomposition. This significant phase decomposition has a high contribution to 
the strong magnetic domain pattern in this sample. Contributions from the existing hcp-Co 
phase on the magnetic properties is also expected here. This investigation is just a preliminary 
study for exploring the physical and functional properties of this material, in which promising 
results can be obtained by tailoring the microstructure through the annealing treatments. Further 
investigations are needed for revealing and improving the magnetic properties of this material. 
 5.8. Discussion of the results in Chapter 5 
Investigations on the thermal stability, microstructural evolution, grain growth mechanism, 
and magnetic properties of PED-processed supersaturated solid solution nanocrystalline Co-Cu 
(28 at.% Cu) have been investigated. Some interesting findings should be discussed. 
 PED-processed nanocrystalline Co-Cu shows a significant improvement on the thermal 
stability compared with nanocrystalline Cu [8, 9, 124], nanocrystalline Co [7, 13, 23, 27], and 
nano-twin Cu [143]. Under isothermal loading, starting temperature for grain growth for this 
material is 400⁰C, which is higher than observed in nanocrystalline Cu (75-150⁰C) [8, 124], 
nanocrystalline Co (300-350⁰C) [7, 13, 23, 27], and nano-twin Cu (300-400⁰C) [143]. 
Comparing with the as-deposited state, the grain size of nanocrystalline Co-Cu increased from 
~23 nm to ~83 nm (~250%) after annealing at 400⁰C for 24 h (see Section 5.2). Grain 
coarsening in nanocrystalline materials is usually followed by a significant decrease in 
microhardness, for instance, the microhardness of SPD-processed nanocrystalline Co decreased 
for 40% after annealing at 300⁰C for 1 h [13]. In contrast, a massive decrease of microhardness 
was not found in PED-processed nanocrystalline Co-Cu after annealing at 400⁰C for 24 h, 
whereas the microhardness decreased for only ~2% (see Section 5.2).  
The presence of Cu solute atoms in nanocrystalline Co-Cu has a significant influence for 
improvement of thermal stability (solute atoms drag). According to the results (Section 5.3), 
spinodal decomposition of solid solution nanocrystalline Co-Cu can be started at 300⁰C, 
whereas some “spots” (5-10 nm sizes) with high concentrations of Cu (up to 90 at.%) and Co 
(up to 95 at.%) were observed (Figure 5.5b). These “spots” may acts as “precipitates” having 
a hardening effect at 300⁰C. For stabilization of grains, these “precipitates” have an impact for 
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pinning grain boundaries (Zenner pinning drag), thus, grain coarsening can be avoided. These 
“precipitates” could be also the reason for an insignificant decrease of microhardness for only 
~2% at 400⁰C. In addition, compositional fluctuations of Co and Cu were also observed from 
APT measurement (Figure 5.5a), which could be a barrier for grain growth (interdiffusion of 
Co and Cu is needed). At the higher temperatures (450⁰C and 600⁰C), these compositional 
fluctuations developed to the immiscible phases of fcc-Cu, fcc-Co, and hcp-Co. The atomic 
diffusions of Co and Cu are even more difficult across the multiple phase (interdiffusion 
mechanism), thus, grain growth inhibition is expected. For instance, the samples annealed at 
450⁰C showed a constant grain size of ~120 nm after annealing for 1-24 h. However, the grain 
boundary mobility is quiet high at 600⁰C, thus a more pronounced grain coarsening was 
observed here. The investigations in section 5.6 shows that the grain growth exponent (n) 







Figure 5.16 Microhardness profiles of PED-processed nanocrystalline Co-Cu (28 at.% Cu) upon isothermal 
annealing treatments compared with (a) HPT-processed nanocrystalline Co-Cu (25 at.% Cu) with high (H) and 
low (L) purity [13] and (b) HPT-processed nanocrystalline Co-Cu (24 at.% Cu) [29]. Pictures from [188]. 
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Figure 5.16a,b show the microhardness profiles of PED- and HPT-processed 
nanocrystalline Co-Cu [13, 29] with nearly identical chemical composition at different 
isothermal annealing temperatures for various times. The grain sizes of PED- and HPT-
processed [13, 29] nanocrystalline Co-Cu samples are ~23 nm and 90-100 nm, respectively, 
and they exhibit a supersaturated solid solution with fcc structure. Figure 5.16a,b show that the 
microhardness of PED-processed nanocrystalline Co-Cu is slightly higher than HPT-processed 
materials. Grain boundary strengthening (Hall-Petch) is possibly the reason for a higher 
microhardness in PED-processed nanocrystalline Co-Cu.  
Figure 5.16a shows a significant increase of hardness in PED-processed nanocrystalline 
Co-Cu at 300⁰C during a short annealing time of 1 h due to spinodal decomposition, which is 
difficult to observe in HPT-processed materials [13]. A larger area of grain boundaries in PED-
processed nanocrystalline Co-Cu, i.e. the grain size is 3-4 times smaller than in HPT-processed 
materials, may have a contribution for fast spinodal decomposition and formation of 
“precipitates” at the grain boundaries. These “precipitates” are effective for pinning grain 
boundaries and hindering grain coarsening at low annealing temperatures. Grain growth 
inhibition may be contributed also by spinodal decomposition within individual grains. 
However, these “precipitates” and spinodal decomposition are not effective for hindering a 
significant grain coarsening at 450⁰C, whereas the grain sizes increased to ~120 nm after 1 h of 
annealing time (see Section 5.2). Interestingly, the hardness can be maintained at the same level 
with the as-deposited state (see Section 5.2). It is believed that a competition between softening 
(grain coarsening) and hardening (spinodal and phase decomposition) occurs at 450⁰C, thus a 
significant decrease of hardness can be hindered. This phenomenon may be observed also in 
HPT-processed nanocrystalline Co-Cu after annealing at 400⁰C for 1 h, whereas a significant 
decrease of microhardness was not observed here as shown in Figure 5.16a. However, the 
hardness of PED- and HPT-processed nanocrystalline Co-Cu drops significantly after annealing 
at 600⁰C for 1 h, showing a high grain boundary mobility in these types of materials. 
Figure 5.16a shows microhardness evolution of PED- and HPT-processed nanocrystalline 
Co-Cu [29] upon long-term isothermal annealing at different temperatures. Overall, it can be 
concluded that PED-processed nanocrystalline Co-Cu exhibits a better thermal stability 
compared with HPT-processed material at annealing temperatures up to 450⁰C. The 
improvement could be influenced by some factors. First, the grain size of PED-processed 
nanocrystalline Co-Cu is three to four times smaller than HPT-processed materials, thus, this 
material exhibits a larger area of grain boundaries and triple-junctions. Of course, a larger area 
of grain boundaries exhibits also a higher driving force for grain growth, but the grain growth 
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inhibition caused by grain boundary free-volume and vacancy drags [126, 127] and limited 
mobility of triple junctions [126, 127] have been reported elsewhere. In nanocrystalline Co, 
improvement on the thermal stability was reported through the grain size reduction from 20 nm 
to 8 nm [23]. Second, PED- and HPT-processed nanocrystalline Co-Cu have almost identical 
amount of Cu solutes atoms, which has a significant impact for grain stabilization. In the PED-
processed materials, solute drag effect may be contributed also by the segregation of sulphur, 
which is possibly co-deposited during material processing. Organic additives were used in the 
deposition process (2 g/L saccharin and 0.2 g/L sodium dodecyl sulphate) could be the source 
for sulphur. El-Sherik et al. [115] reported co-deposition of ~1000 ppm of sulphur in 
nanocrystalline Ni in the presence of 2 g/L saccharin in a bath electrolyte, and it had a 
significant improvement of thermal stability [101]. Improvement on the thermal stability with 
segregation of sulphur was also reported in nanocrystalline Co [23]. In the present work, 
however, investigation on the effect of impurities content on the thermal stability was not a 
focus area for investigation. Last, in the PED-processed nanocrystalline Co-Cu, early spinodal 
decomposition and formation of “precipitates” due to a larger grain boundary area are expected 
for inhibition of grain growth at annealing temperatures up to 450⁰C. All in all, an improved 
thermal stability in PED-processed nanocrystalline Co-Cu compared to HPT-processed 
materials could be influenced by some factors, these are: (i) a smaller grain size, (ii) additional 





Chapter 6 – Micro-mechanical Properties 
Statement: Some results in this chapter have been published in international journal (see 
Reference [188]) and conference proceeding (see Reference [189]). 






Figure 6.1 (a) Engineering surface stress vs.- strain curve of micro beam-I (black solid line) tested through the 
static bending test at surface strain rate of 1.24 × 10-2 s-1. Red dashed line is 0.2% offset for determination of yield 
stress (from [188]). (b) Detailed picture of the elastic to plastic transition shows a smooth transition regime (black 
solid circle). Red and blue solid lines represent elastic regime projection and 0.2% offset, respectively. The actual 
yield strength lays at some point marked within the green dashed box (from [188]). 
Investigations on the strength of PED-processed nanocrystalline Co-Cu (28 at.% Cu) were 
performed through static micro bending tests. The free standing micro beam (beam-I) has a 
length (L), width (W), thickness (T), and bending length (LB) of 15.77 μm, 6.75 μm, 5.26 μm, 
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and 13.92 μm, respectively. A schematic picture of a micro beam-I is shown in Figure 3.3c. 
The static micro bending test of beam-I was carried out at a strain rate of 1.24 × 10-2 s-1 and its 
engineering surface stress vs.- strain curve is shown in Figure 6.1a. According to elastic 
bending beam theory, the surface stress-strain curve obtained through the bending test is only 
accurate up to the yield stress due to inhomogeneous deformation after the yield point. As a 
consequence, some parameters (e.g. strain hardening coefficient, ultimate strength, and surface 
strain to fracture) cannot be determined accurately from a surface stress-strain curve. In the 
present work, the discussion is focussed only up to the yield point.  
The yield strength of PED-processed nanocrystalline Co-Cu (28 at.% Cu) is determined 
from surface stress-strain curve by using the 0.2% offset method (see Figure 6.1a). 
Determination shows that the yield strength of micro beam-I is ~3.8 GPa. The yield strength is 
extremely high compared to other nanocrystalline Co-Cu [16, 31], but the actual yield strength 
is expected to be lower due to inhomogeneous deformation in the bending test. During initial 
deformation stage, the whole micro beam is not experienced a uniform plastic deformation, 
whereas it occurs only at a small surface layer of the micro beam. According to Figure 6.1b, 
exact determination of the yield point is difficult due to the smooth transition of the elastic-
plastic regime. Figure 6.1b shows that the actual yield strength places between 2.5-3.8 GPa. 
For comparison, the yield strength can be approximated also from microhardness measurement 
by using the Tabor’s rule [212], whereas the yield of material is approximately one a third of 
the microhardness value. According to the Tabor’s rule, the yield strength of nanocrystalline 
Co-Cu (28 at.% Cu) is ~1.5 GPa. 
A secondary electron (SE) image of the side surface of micro beam-I (Figure 6.2a) shows 
plastic deformation with no crack formation. In addition, Figure 6.2b shows a clear necking 
effect at the top surface of micro beam-I due to tensile loading (marked with white arrows). On 
the other hand, the lower-part of the micro beam is experienced compression loading (marked 
with red arrows). According to these evidences (i.e. surface stress-strain curve and surface 
morphology), the micro beam of nanocrystalline Co-Cu (28 at.% Cu) exhibits ductile 
behaviour. Caused by the significant surface roughness formed during plastic deformation, 
microstructure observation by using the BSE detector is difficult. At two different positions 
(marked with zone-A and zone-B in Figure 6.2a), the surface was polished by using the 
focussed ion beam (FIB) to produce a smooth surface which is suitable for BSE imaging. 
Figure 6.2c,d depict BSE images of the microstructure at zone-A and zone-B showing no 













Figure 6.2 (a-b) Secondary electron (SE) images show (a) top and (b) side surfaces of micro beam-I after bending 
deformation (from [188]). (c-d) Back-scattered electron (BSE) images of microstructure were observed at two 
different positions marked with a black dashed box in Fig (a) namely (c) zone-A and (d) zone-B (from [188]). 
The micro beam-I of nanocrystalline Co-Cu (28 at.% Cu) exhibits a much higher yield 
strength compared to bulk nanocrystalline pure Co [39, 40, 114]. According to works by Koch 
and his colleagues, a very high yield strength and ductility in nanocrystalline materials can be 
achieved by removing processing flaws (i.e. mainly pore’s formation) as observed from subsize 
samples of in-situ consolidated nanocrystalline Cu [173, 176]. In the present work, secondary 
electron (SE) images of surface morphology of micro beam-I depict a very smooth surface with 
no pores visible in the initial condition (see Figure 6.3a,b). This can be a strong indication that 
micro beams of nanocrystalline Co-Cu are free from porosity-type processing flaws due to the 
small volume of samples, which have an impact on enhancement of strength. The Hall-Petch 
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effect (grain boundary strengthening) has a strong contribution on the strengthening mechanism 
of nanocrystalline materials, mainly in single component and pure nanocrystalline materials. 
The additional strengthening mechanism in the PED-processed nanocrystalline Co-Cu (28 at.% 
Cu) is caused by solid solution strengthening and (i.e. for the annealed sample) spinodal 






Figure 6.3 Secondary electron (SE) images of surface morphology show initial condition of (a) side and (b) top 
surfaces of micro beam-I. 
The high yield strength in PED-processed nanocrystalline Co-Cu (28 at.% Cu) may be also 
attributed to a higher cobalt concentration. For instance, the HPT-processed nanocrystalline Co-
Cu (74 at.% Cu) exhibits a lower tensile yield strength (σy ≈ 0.8 GPa) [16]. Here, the mechanical 
test method may also have a contribution to the different values of yield strength. In the present 
work, type and number of lattice defects (e.g. dislocations and twins) may also have a 
significant impact on mechanical properties, which can be different in the PED- and HPT-
processed nanocrystalline Co-Cu. In the HPT-process, dislocations formation is dominantly 
influenced by a large applied plastic strain during material processing [144]. On the other hand, 
dislocations formation in the PED-process are possibly contributed by two mechanisms: (i) 
stress generation and relaxation when the pulsed current on and off, respectively [102, 103, 
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178], and (ii) growth inhibition from chemical additives [104, 145, 146]. As a consequence, 
dislocation densities and types of dislocations (e.g. immobile dislocations) in the HPT- and 
PED-process may be different. Gubicza et al. showed that DC-electrodeposition nanocrystalline 
Ni-Mo exhibited a higher dislocation density and twin fault probability than the HPT-processed 
material [147]. The increase of dislocation density and twin fault probability are expected to be 
higher in PED-process instead of DC-electrodeposition as shown by Lu et al. [44, 179, 180]. 
Grain inhibition by the chemical additives also has a contribution on the formation on twins 
[145, 104]. BF-TEM image of as deposited nanocrystalline Co-Cu (28 at.% Cu) detects a 
number of twins as shown in Figure 5.1a which is not detected in the HPT-processed 
nanocrystalline Co-Cu [13, 16, 27]. To conclude, the strength enhancement in the PED-
processed nanocrystalline Co-Cu (28 at.% Cu), particularly for micro-size bending beam, may 
be contributed by several factors: (i) solid solution strengthening, (ii) a number of twins, (iii) 
dislocation density, (iv) degree of porosity, and (v) co-deposition of impurity elements (e.g. 
sulphur and carbon). 
 6.2. Cyclic micro-bending behaviour 
The microstructural and mechanical stabilities of the PED-processed nanocrystalline Co-
Cu (28 at.% Cu) under cyclic micro-bending test were investigated. Four free standing micro 
bending beams with identical dimension were subjected to displacement controlled of cyclic 
bending tests at low, moderate, and high plastic strain amplitudes (ɛs,a) for different number of 
load cycles (N). A schematic picture of one micro beam is shown in Figure 3.3d. The actual 
micro beams dimension and the test parameters are shown in Table 6.1. 
Table 6.1 The actual micro beam dimensions, where L, W, T, LB are the length, width, thickness, and bending 
length. Cyclic micro bending tests were performed at various plastic strain amplitude (εs,a) for different number of 
cycles (N). 
Name of Sample L (µm) W (µm) T (µm) LB (µm) Plastic strain amplitude Cycle 
Beam-II (low ɛs,a) 15.66 7.06 5.47 13.09 1.0 × 10−4 7500 
Beam-III (low ɛs,a) 15.43 6.68 4.92 14.00 1.8 × 10−4 5000 
Beam-IV (moderate ɛs,a) 15.52 6.51 4.92 13.54 
4.0 × 10−4 (Stage-I) 2000 
6.5 × 10−4 (Stage-II) 2000 
Beam-V (high ɛs,a) 15.77 6.75 5.26 13.92 
1.5 × 10−3 (Stage-I) 35 
2.0 × 10−3 (Stage-II) 65 
3.5 × 10−3 (Stage-III) 40 













Figure 6.4 (a,c) Surface-stress amplitude as a function of load cycles at different plastic surface-strains amplitudes 
of (a) εs,amp = 1.0 × 10-4 (beam-II) and (c) εs,amp = 1.8 × 10-4 (beam-II) (from [188]). (b,d) Cyclic hysteresis loops 
of (b) micro beam-II (εs,amp = 1.0 × 10-4) and (d) micro beam-III (εs,amp = 1.0 × 10-4)  at selected load cycles. 
Cyclic bending test of micro beam-II was conducted at a low plastic surface-strain 
amplitude (ɛs,a) of 1.0 × 10
−4 for 7500 load cycles. No crack formation is detected after 7500 
load cycles. The test cannot be performed for more prolonged cycles due to a system failure, 
which damaged the micro bending beam. Figure 6.4a shows the surface-stress amplitude of 
micro beam-II as a function of load cycles. At the first 500 load cycles, the stress amplitude 
level is ~490 MPa which is proportional to ~12% of the yield stress (i.e. yield stress is assumed 
to be 3.8 GPa). The stress amplitude level remains constant at ~490 MPa for 500 load cycles, 
but it tends to increase gradually up to ~550 MPa from the ~500th to ~6000th load cycles. The 
cyclic hysteresis loops of micro beam-II at selected numbers of load cycles (1000th - 6000th) 
were plotted for a more detailed view as shown in Figure 6.4b. The increase of stress amplitude 
is more pronounced after ~2000 load cycles as marked in Figure 6.4b. The increase of stress 
 93 
 
(i.e. called as cyclic hardening effect) may be attributed to spinodal decomposition or 
dislocation processes during cyclic loading. It is believed that spinodal decomposition is 
affected by the accumulated plastic strains and local plastic deformations during cyclic loading. 
This phenomenon has not been observed in the previous works and other nanocrystalline 
systems, thus, this could be something new in nanocrystalline materials. However, further 
observation on the spinodal decomposition through atom probe tomography (APT) is not 
possible due to the highly damaged micro beam caused by a system failure. 
The cyclic bending test of micro beam-III was performed at a medium to low plastic 
surface-strain amplitude (ɛs,a) of 1.8 × 10
−4 for 5000 load cycles. Crack formation is not 
observed after 5000 load cycles. The surface-stress amplitude level at different load cycles and 
the selected cyclic hysteresis loops at this strain amplitude are shown in Figure 6.4c,d. The 
stress amplitude level at this strain is proportional to ~35% of the yield stress (i.e. yield stress 
is assumed 3.8 GPa). In contrast to micro beam-II, the stress amplitude level decreases slightly 
after 100 load cycles showing a softening effect in micro beam-III (see Figure 6.4c). The elastic 
modulus is also found to be altered after 100 load cycles (see Figure 6.4d). BSE images of 
initial (Figure 6.5a) and final (Figure 6.5b) microstructures show a slight grain coarsening 
after 5000 load cycle as marked within red dashed lines in Figure 6.5b. It is believed that grain 
coarsening have a strong contribution on the softening effect in nanocrystalline Co-Cu. 
According to Kapp et al. [183] and Muhlstein et al. [184], grain boundary migration in 
nanocrystalline and ultrafine grained materials is possible during cyclic loading, which may be 







Figure 6.5 Back-scattered electron (BSE) images of microstructure observed from the same position at a side 
surface of micro beam-III: (a) initial condition and (b) after 5000 load cycles (from [188]). Magnifications are 









Figure 6.6 (a) Surface-stress amplitude as a function of load cycles of micro beam-IV at two different stages of 
plastic surface-strains amplitude of εs,amp = 4.0 × 10-4 (stage-I) and εs,amp = 6.5 × 10-4 (stage-II) (from [189]). (b,c) 
Cyclic hysteresis loops of micro beam-IV at selected cycles at different plastic surface-strain amplitudes of (b) 
εs,amp = 4.0 × 10-4 (stage-I) and (c) εs,amp = 6.5 × 10-4 (stage-II) (from [189]). 
The cyclic micro bending test of micro beam-IV was conducted at two stages of medium 
plastic surface-strain amplitudes (ɛs,a): (i) stage-I = 4.0 × 10
−4 for 2000 load cycles, and (ii) 
stage-II = 6.5 × 10−4 for additional 2000 load cycles. Figure 6.6a shows a constant stress 
amplitude level in stage-I for the first 2000 load cycles. Cyclic hysteresis loops at selected cycle 
numbers of stage-I (Figure 6.6b) show no significant change of stress level nor elastic modulus. 
A crack formation and surface damage are not detected after the 2000 load cycles of stage-I. In 
contrast to stage-I, cycling in stage-II (ɛs,a = 4.0 × 10
−4) leads to formation of a crack. Figure 
6.6a shows that the stress amplitude level starts to decline after the 3000th of load cycle (i.e. 
after 1000 load cycles in stage-II) which could be an indication of crack formation. The 
decreases of stress level and elastic modulus in the positive displacement deflection (Q1) are 











Figure 6.7 (a,b) Secondary electron (SE) images of micro beam-IV that show a crack formation after 4000 load 
cycles observed at (a) top and (b) side surfaces of the micro beam (from [189]). (c,d) Back-scattered electron 
(BSE) images of the microstructure at the area adjacent to the crack observed at (b) top surface (marked with red 
dashed rectangular in (a)) and (c) side surface (marked with white dashed rectangular in (b)) (from [189]). 
SE images of micro beam-IV (see Figure 6.7a,b) show the formation of a crack with ~1.5 
μm length in the upper-part of the micro beam. BSE image of the microstructure at a top surface 
of micro beam-IV shows some ultrafine grain (ufg) structures at the crack flanks (marked with 
red arrows in Figure 6.7c). It is believed that grain coarsening has a contribution to crack 
initiation by the following mechanisms: In the initial stage, the accumulated plastic strains lead 
to the coarsening of several grains (i.e. formation of ufg structures). According to the Hall-
Petch effect, these ufg structures are found to have a lower strength compared to the surrounding 
nano-grains. As a result, strain localization is expected in these regions, in particular at the grain 
boundaries of ufg structures, which may lead to initiation of an intergranular crack as shown in 
Figure 6.7c. A microstructure investigation was also performed at the side surface of the micro 
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beam. Caused by the significant surface roughness, FIB polishing was performed at the side 
surface of the micro beam with a platinum coating at the top surface of the micro beam to 
prevent the curtaining effect. In the present work, FIB polishing caused also a grain coarsening 
at the transition regime of platinum coating and micro beam as marked with Reg-I in Figure 
6.7d. Microstructure images at a selected area close to the crack (Figure 6.7d) shows no 







Figure 6.8 (a) Surface-stress amplitude as a function of load cycles at four different stages of plastic surface-strain 
amplitudes of micro beam-V (from [188]). (b) Cyclic hysteresis loops of micro beam-V at plastic surface-strain 
amplitude of stage-IV (εs,amp = 7.0 × 10-3) at selected load cycles (from [188]). 
The cyclic micro bending test of micro beam-V was conducted at four stages of high plastic 
surface-strain amplitudes (ɛs,a): (i) stage-I = 1.5 × 10
−3 for 35 load cycles, (ii) stage-II = 2.0 × 
10−3 for 65 load cycles, (iii) stage-III = 3.5 × 10−3 for 40 load cycles, and (iv) stage-IV = 7.0 × 
10−3 for 100 load cycles. Figure 6.8a shows the surface-stress amplitude level of all stages (I-
IV) as a function of load cycles. The results show that the stress amplitude levels remain 
constant after cycling from stage-I to stage-III where no crack formation was observed. At 
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stage-IV, the stress amplitude level remains constant up to the 190th of load cycle, but it 
decreases significantly for the following load cycles. The selected cyclic hysteresis loops of 
stage-IV (Figure 6.8b) shows a small decrease of stress amplitude in the positive displacement 
region (Q1) after the 195th load cycle which may be ascribed to the formation of a first crack. 
The reduction of stress amplitude in Q1 is more pronounced after the 210th of load cycle, which 
may be attributed to propagation of the first crack. In addition, a small shift in negative 
displacement (Q3) is also detected after the 210th of load cycle, which may be ascribed to 
formation of a second crack. Propagation of the first and second crack is more evident after the 
230th of load cycle indicated by large shifts of the stress amplitude in Q1 and Q3. SE image of 
micro beam-V (Figure 6.9a) shows that two cracks have been formed after cyclic loading at 










Figure 6.9 (a) Secondary electron image of micro beam-V that show cracks formation after four stages of cyclic 
bending from side-view (from [188]). (b,c) Back-scattered electron (BSE) images of microstructure at (b) the area 
marked with a red dashed rectangular shape in Fig (a) and the area adjacent to (c) crack-I and (d) crack-II marked 
with the white dashed rectangular shapes in Fig (b) (from [189]). 
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Microstructure observation were performed at a selected area (marked with red dashed 
rectangular in Figure 6.9a). The BSE image of the microstructure in this area shows significant 
grain coarsening next to crack-I and crack-II (see Figure 6.9b). Figure 6.9c,d show more 
detailed microstructure images in the area surrounding crack-I and crack-II revealing a quiet 
extensive region with an ultrafine grain structure. Grain coarsening in these region may be 
caused by the accumulation of high local plastic strain. The area surrounding the crack may 
exhibit higher local plastic strains compared to other positions due to stress and strain 
concentration at the crack tip during crack propagation (plastic zone). This accumulation of 
plastic strain can activate processes which increase grain boundary mobility or alter the driving 
force for grain boundary migration. 
A spinodal decomposition of Co-Cu can also be expected through the accumulation of 
plastic strain. Two APT specimens were prepared from the area consisting of the ufg structure 
as shown in Figure 6.9c. However, the APT measurements were short due to an unstable 
sample and measurement process. The first (360,000 ions) and second (101,000 ions) 
reconstructions show a region with a high Co concentration of 88.81 at.% Co and 91.54% 
respectively. These Co concentrations are higher than the average concentration (72 at.% Co), 
which could be an indication of spinodal decomposition. However, this is just a first approach 
and the data set was very small to prove whether there is a decomposition. More analysis are 
needed for further measurements. 
 6.3. Discussion of the results in Chapter 6 
The static bending test of the micro beam of supersaturated solid solution nanocrystalline 
Co-Cu (28 at.% Cu) showed a very high tensile strength up to 3.8 GPa and (possibly) high 
ductility, whereas the formation of a crack was not observed after the test. Some possible 
strengthening mechanisms have been proposed such as solid solution strengthening, a 
formation of twins, a high dislocation density, and low degree of porosity. It is believed that the 
small volume of micro beam, observing no porosity, has the strongest impact on a high yield 
strength in this material. It is believed that the yield strength of the bulk sample of 
nanocrystalline Co-Cu is much lower than 3.8 GPa due to a higher number of processing flaws 
(e.g. porosity). A work by Bachmaier et al. [16] found that the yield strength of the bulk samples 
of nanocrystalline Co-Cu (74 at.% Cu) are ~800 MPa. Regarding the hardness of the bulk 
sample of nanocrystalline Co-Cu (Tabor’s rule), the yield strength of nanocrystalline Co-Cu 
(28 at.% Cu) is approximately 1.5 GPa. Thus, the actual yield strength of the bulk sample of 
nanocrystalline Co-Cu (28 at.% Cu) is predicted from 1.0 to 1.5 GPa. 
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The cyclic bending tests of the micro beams of nanocrystalline Co-Cu at the different 
plastic surface strain amplitudes showed different behaviours. The cyclic micro bending test at 
a low plastic surface strain amplitude (beam-II) showed a cyclic hardening effect with no crack 
formation observed. Spinodal decomposition and dislocation processes may have a contribution 
to the hardening effect. However, the phenomena was only observed by one sample, whereas 
more samples are needed for validation. The cyclic micro bending tests at a medium to low 
(beam-III) and medium (beam-IV) plastic surface strain amplitudes observed minor grain 
coarsening. In addition, the formation of a crack was observed in micro beam-IV, but 
microstructural changes during crack propagation (e.g. grain coarsening) was not observed. In 
contrast, the micro beam-V which was tested at a high plastic surface strain amplitude, showed 
the formation of two cracks and a significant grain coarsening in the area surrounding the 
cracks.  
A large grain coarsening during crack propagation in micro beam-V may be attributed to 
one of these factors: (i) a high accumulation of plastic strains, and (ii) a large plastic strain 
amplitude. The calculations of accumulated plastic strains are performed by using the plastic 
surface strain amplitudes and the number of load cycles since the initiation of a first crack was 
possibly observed. The accumulated plastic strains for micro beam-IV and beam-V are 0.65 
and 0.35, respectively. The calculations show that the accumulated plastic strains in micro 
beam-IV is slightly higher than micro beam-V. Thus, it is a strong indication that the 
accumulated plastic strains may have a low contribution to activate a large grain boundary 
migration. As a consequence, a large grain coarsening in micro beam-V is attributed to a high 
plastic strain amplitude. The applied plastic strain amplitude in micro beam-V is up to ~10 
times higher compared to micro beam-IV, which may be high enough to activate grain boundary 
migration. 
It is clear that grain boundary migration during crack propagation in micro beam-V is 
caused by the plastic strains, but the grain growth mechanism is still unclear. Three possible 
mechanisms are proposed to explain the possible grain growth mechanism. First, the plastic 
strains activate grain boundary migration through the atomic diffusion of Co and Cu. This 
mechanism was also observed in grain growth of nanocrystalline Co-Cu during isothermal 
annealing as described in Chapter 5. It is also believed that spinodal decomposition occurs 
during strain induces grain growth, but it needs further investigations. Second, deformation 
mechanism through grain rotation in this nanocrystalline Co-Cu cannot be excluded since the 
grain sizes are distributed from ~10 nm to ~55 nm. Moreover, this materials consist of a quite 
large number of grains with sizes of below 20 nm (~30%), which could be the starting grain 
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size for grain-boundary mediated deformation. In case of grain rotation occurs, there is a 
possibility for coalescence of some grains once the orientations of some adjacent grains are 
exactly similar. The phenomena of grain coalescence lead to the formation of elongated grain 
(grain coarsening) as illustrated in Figure 2.15. Third, dislocation shears induce grain boundary 
movement and migration. Figure 6.10 depicts schematic illustration of dislocation motion in 
nanocrystalline materials. Dislocations are generated from the centre (point A) of grain-I 
(Frank-Read source) and they move along the slip plane to the boundary (point B). The 
dislocation motion is usually blocked at the boundary. Sometimes, dislocations are dissociated 
at this condition, whereas some parts of dislocations can move to the neighbouring grain and 
another parts of dislocation move along the boundary. If the number of moving dislocation at 
the boundary is high enough, it may results in dislocation shear. In nanocrystalline materials, 
grain boundaries have a high driving force for grain growth, thus, it is possible that dislocation 




Figure 6.10 Schematic pictures illustrating dissociation of dislocations at the boundary (point B), whereas some 
parts of dislocations move to a neighbouring grain (grain-II) and another parts of dislocations move along the 





Chapter 7 – Strength and ductility of bulk 
nanocrystalline Co-Cu 
Statements: Some results in this chapter have been published in international journal (see 
Reference [194]). 
 7.1. Effect of pulsed deposition parameters 
Tensile tests of PED-processed nanocrystalline Co-Cu were performed by using Dep-II 
samples having a surface area of 21×21 mm2 and a minimum thickness of ~750 μm. According 
to the results in Chapter 4, pulsed deposition of compact and homogeneous Dep-II sample 
must be conducted at the following deposition parameters: (i) pulse current densities of 750-
1000 A/m2, (ii) duty cycle of 10%-20%, and (iii) pulse-on time of 0.3-0.5 ms. In this section, 
the effects of deposition parameters on the tensile strength and ductility of bulk nanocrystalline 
Co-Cu were investigated. The deposition parameters and chemical composition of individual 
samples are summarized in Table 7.1. The results show that deposition parameters have a 
significant impact on the chemical composition, whereas the concentration of Cu increases with 
decreasing duty cycle, current density, and pulse-on time. Concentration of Cu is also expected 
to have a contribution on strength and ductility of nanocrystalline Co-Cu which is discussed 
further in the present work. 
Table 7.1 Pulsed electrodeposition (PED) parameters which were used to produce tensile samples of 
nanocrystalline Co-Cu with different chemical composition. Deposition time is calculated by assuming a current 
efficiency of 85% and a deposit thickness of ~750 μm. Chemical composition of Co and Cu elements were 
measured through energy dispersive spectroscopy (EDS) (from [194]). 
Sample 
name 
 Pulsed deposition parameters  Composition 








Co (at.%) Cu (at.%) 
TS-1 1000 20.0 0.5 35 87.1 ± 0.1 12.9 ± 0.1 
TS-2  1000 17.5 0.5 40  85.6 ± 0.1 14.4 ± 0.1 
TS-3  800 17.5 0.5 50  80.3 ± 0.1 19.7 ± 0.1 
TS-4  1000 17.5 0.3 40  82.8 ± 0.1 17.2 ± 0.1 
TS-5  1000 15.0 0.5 46  83.0 ± 0.1 17.0 ± 0.1 
TS-6  1000 12.5 0.5 56  81.7 ± 0.1 18.3 ± 0.1 
TS-7  1000 10.0 0.5 70  78.3 ± 0.1 21.7 ± 0.1 









Figure 7.1 Engineering stress vs. strain curves of tensile tests of different nanocrystalline Co-Cu samples (TS1-
TS8) at a strain rate of 1.0 × 10-3 s-1. (a) Effect of duty cycle and (b) effect of current density (i) and pulse-on time 
(t-on) (from [194]). 
Figure 7.1a,b depict engineering stress vs. strain curves of tensile tests of bulk 
nanocrystalline Co-Cu samples at a strain rate of 1.0 × 10-3 s-1. Detailed information of 
mechanical properties of individual samples such as yield stress (σy), ultimate tensile stress (σu), 
and fracture strain (εf) are summarized in Table 7.2. The strain was measured from the tensile 
test machine cross-head displacement with no additional equipment used (e.g. extensometer) 
due to the small gauge dimension. Of course, the strain measurement is not perfectly accurate 
for the measurement of the modulus of elasticity, thus, the exact number of elastic modulus is 




Table 7.2 Tensile sample thicknesses and mechanical properties parameters of nanocrystalline Co-Cu synthesized 
at different deposition parameters. Two samples were mechanically tested except for samples TS-1, TS-5, TS-6, 





 Mechanical properties 
  Yield stress (GPa) Ultimate stress (GPa) Fracture strain (%) 
TS-1* 0.41 Fail at 0.62 2.54 
TS-2  0.54  0.91 ± 0.06 1.20 ± 0.03 4.57 ± 0.05 
TS-3  0.53  0.95 ± 0.05 1.51 ± 0.04 8.26 ± 1.26 
TS-4  0.52  1.03 ± 0.02 1.55 ± 0.03 8.71 ± 0.47 
TS-5*  0.53  1.05 1.47 6.57 
TS-6*  0.35  1.10 1.59 8.65 
TS-7*  0.42  1.20 1.95 14.36 
TS-8  0.40  1.21 ± 0.08 1.98 ± 0.03 15.95 ± 0.09 
 
The effect of duty cycle on the stress-strain curve characteristics of nanocrystalline Co-Cu 
are shown in Figure 7.1a, while the detailed information can be found in Table 7.2. Pulse 
current density and pulse-on time were kept constant at 1000 A/m2 and 0.5 ms, respectively. 
The lowest strength and ductility are observed in the tensile sample-1 (TS-1), which was 
deposited at the highest duty cycle of 20%. The yield point is not even reached in TS-1 due to 
early fracture as an indication of brittle behaviour. Slight improvement of strength and ductility 
is obtained by reducing the duty cycle to 17.5% (TS-2). The yield stress of TS-2 is 0.91 ± 0.06 
GPa, while the fracture strain is almost twice times higher (4.57 ± 0.05 %) than of TS-1, but 
the fracture strain remains below 5%. Significant improvements of strength and ductility is 
achieved by reducing the duty cycle to 15% and 12.5% as shown in samples TS-5 and TS-6. 
These samples exhibit identical yield stresses of 1.05 GPa (TS-5) and 1.10 GPa (TS6), while a 
slightly higher ultimate tensile stress is observed in a TS-6. The fracture strain of TS-6 (8.65%) 
is higher than of TS-5 (6.57%). Secondary electron (SE) images of the surface morphology of 
TS-5 and TS-6 (Figure 7.2a,b) show crack paths oriented at ~40⁰ toward loading direction, 
which is a typical characteristic of ductile fracture. The necking effect is also detected in TS-6 
(see Figure 7.2b) as an additional indication of ductile fracture. The highest strength and 
ductility are observed in TS-7 (duty cycle of 10%). The yield stress and ultimate tensile stress 
of TS-7 are 1.20 GPa and 1.95 GPa, respectively. The fracture strain of TS-7 is 14.36% and this 
number is very high compared to previous work in nanocrystalline Co-Cu [16, 31]. A significant 
necking effect is also found in a TA-7 as shown in Figure 7.2c. In addition, SE image of the 
fracture surface of TS-7 (Figure 7.2d) depicts a ductile fracture surface with dimple structures 











Figure 7.2 (a-c) Secondary electron images of surface morphology of (a) TS-5, (b) TS-6, and (c) TS-7 after tensile 
deformation. (d) Secondary electron images of fracture surface of TS-7.  
The Effect of pulse current density and pulse-on time on the stress-strain curves of 
nanocrystalline Co-Cu are shown in Figure 7.1b, while detailed information can be found in 
Table 7.2. Three samples (TS-2, TS-3, and TS-4) were deposited at the same duty cycle of 
17.5%, which resulting in a different fracture behaviour. Comparing with the brittle TS-2, a 
significant enhancement of strength and ductility is achieved through reduction of pulse current 
density (TS-3) and pulse-on time (TS-4). Both samples (TS-3 and TS-4) have an identical 
ductility with fracture strains of over 8%. The yield stress and ultimate tensile stress of TS-3 
are slightly lower compared to TS-4, which may be attributed to larger grain sizes due to 
deposition at lower pulsed current density. The surface morphology image of TS-2 (Figure 
7.3a) shows fracture at the shoulder instead of the gauge section. The fracture behaviour of TS-
2 is supposed to be brittle as indicated by the absence of necking and shearing. In contrast, 
surface morphology images of TS-3 (Figure 7.3b) and TS-4 (Figure 7.3c) show necking and 
crack path oriented A further improvement of ductility is expected by decreasing pulse current 
density and pulse-on time, but those are not preferred due to deposits formation with larger 















Figure 7.3 (a-d) Secondary electron images of surface morphology of (a) TS-2, (b) TS-3 (from [194]), (c) TS-4 
(from [194]), and (d) TS-8 (from [194]) after tensile deformation. (e-f) Secondary electron images of fracture 
surface of TS-8 at areas marked with red rectangular shapes: (e) area A and (f) area B. 
In the present work, the highest strength and ductility is observed in tensile sample-8 (TS-
8). This sample was deposited at the lowest duty cycle (10%) and pulsed-on time (0.5 ms), with 
no reduction of current density (1000 A/m2). A high current density is crucial for the formation 
of homogeneous nanostructured grains, which has a direct impact on the high tensile strength. 
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This sample exhibits a tensile yield stress and ultimate stress of 1.21 ± 0.08 GPa and 1.98 ± 
0.03 GPa, respectively. The fracture strain of TS-8 is 15.95 ± 0.09 %. Figure 7.3b depicts the 
surface morphology of TS-8 showing the most significant necking compared to all other 
samples with a shear fracture oriented at 45⁰ to the tensile loading direction. Fracture surface 
images of TS-8 (Figure 7.3e,f) show a ductile fracture with various sizes of micro dimples.  
The strength and ductility of the PED-processed nanocrystalline Co-Cu are governed by 
several factors. For flat tensile specimen, the sample thickness may have a contribution on 
ductility. Sample thickness is crucial for accommodation of plastic strains. The thicknesses of 
tensile samples (TS-1 to TS-8) are unintentionally different (see Table 7.2) due to the surface 
preparation as described in Chapter 3. According literatures [213, 214, 215], a significant 
effect of sample thickness was reported in the non-uniform plastic elongation regime (i.e. 
indicated by a necking formation). In the present work, significant necking effects are only 
visible in three samples (TS-6, TS-7 and TS-8), which have a relatively small thicknesses 
compared to other samples. It can be concluded that sample thickness has no significant effect 
on ductility. There are other important factors which have a significant influences on the 
strength and ductility of PED-processed nanocrystalline Co-Cu. These are: (i) chemical 
composition (Cu concentration), (ii) microstructure (e.g. grain properties and crystal 
orientation), and (iii) processing flaws (e.g. porosity, crystal growth borders, and internal 
stresses). These factors will discussed in more details in the next sub-sections. Of course, lattice 
and structural defects (e.g. dislocations, vacancy, twin) have also a crucial impact on strength 
and ductility, but they are not investigated in the present work. 
7.1.1. Effect of Cu concentration 
Nanocrystalline Co exhibits a low ductility which may be attributed to the limited number 
of possible slip systems in hcp-structures. The addition of Cu leads to the formation of a fcc-
structured solid solution Co-Cu, which is expected to enhance ductility due to a higher number 
of possible slip systems. In addition, an improved strength is also expected from solid solution 
strengthening. A high ductility of fcc-structured nanocrystalline Cu with fracture strains of over 
10% have been reported in some literatures [42, 173, 176]. Figure 7.4b depicts a schematic 
graph of fracture strain as a function of Cu concentration showing a significant correlation of 
these parameters. 
The Cu concentration in the PED-processed nanocrystalline Co-Cu can be increased 
through some mechanisms. Standard reduction potentials of Co and Cu are the key roles for 
enhancement of Cu content (ECo2+/Co
0 = -0.28 V vs. SHE; ECu2+/Cu
0 = +0.34 V vs. SHE). Regarding 
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thermodynamic data, deposition of Cu is easier than Co due to the more positive standard 
reduction potential. Thus, a higher Cu content is expected by reducing pulse-on time and pulse 
current density as shown in samples TS-3 and TS-4. An increased Cu concentration can be also 
achieved by decreasing of duty cycle (i.e. increase of pulse-off time) as shown in Table 7.1. 
Regarding standard reduction potential, a displacement reaction of deposited Co by Cu ions 
from the electrolyte may occur when the current is off as shown by the following equation: 
𝐶𝑜(𝑠) + 𝐶𝑢(𝑎𝑞)
2+ → 𝐶𝑜(𝑎𝑞)
2+ + 𝐶𝑢(𝑠);  𝐸𝑟𝑒𝑎𝑐𝑡𝑖𝑜𝑛
0 = +0.62 𝑉 𝑣𝑠. 𝑆𝐻𝐸    [7.1]  
According to Cziraki [216], the formation of nanoscale multi-layered Co-Cu/Cu structure 
with sizes of 1-3 nm is also possible when the pulse current is off. These multi-layered structures 
may have an additional contribution on the improvement of ductility in nanocrystalline Co-Cu. 
However, APT measurement of the as deposited nanocrystalline Co-Cu (28 at.% Cu) show no 
detection of such multi-layered structures (see Chapter 5). More APT and/or TEM analysis are 
needed for this investigation.  
In the nanocrystalline Co-Cu, improvement of ductility is achieved by increasing Cu 
concentration. However, an increased Cu concentration may lead to a decreasing strength due 
the formation of larger grains size as reported by Müller [77]. In the present work, the same 
effect is also found as shown in Chapter 5 (see Section 5.5). In addition, the thermal stability 
decreases with increasing Cu concentration. Investigation on the optimum Cu concentration is 
needed in the future for achieving high strength and ductility with a good thermal stability of 
the nanocrystalline Co-Cu systems. 
 
 















Figure 7.5 (a-e) Back-scattered electron (BSE) images of initial microstructure of (a) TS-1 (from [194]), (b) TS-
2, (c) TS-3 (from [194]), (d) TS-4, and (e) TS-8 (from [194]) at the same magnification. (f) XRD patterns of 
selected tensile samples in which continuous black lines correspond for the fitted XRD data (from [194]). The red 
and green vertical dashed lines represent the position of fcc structure of Cu and Co, respectively.  
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7.1.2. Grain size effect 
The microstructure (e.g. grains and crystal orientation) has a crucial contribution on 
strength and ductility of materials. In the present work, grain properties and crystal orientation 
of different nanocrystalline Co-Cu deposits are investigated, which are possible reasons for 
improvement of strength and ductility. Figure 7.5a-e depict BSE images of initial 
microstructure observed from a planar-section of selected samples exhibiting low (TS-1 and 
TS-2), moderate (TS-3 and TS-4) and high (TS-8) tensile fracture strains. These microstructure 
images show homogeneous and pure nanostructured grains with sizes of approximately below 
100 nm. The microstructure image of TS-3 (Figure 7.5c) shows a somewhat larger grain size 
compared to the other samples, which may be attributed to the deposition at a lower current 
density of 800 A/m2. Unfortunately, grain size determinations from BSE images (Figure 7.5a-
e) are difficult due to the spatial resolution limit. Therefore, the grain size of selected samples 
were analyzed through XRD analysis. 
Table 7.3 Grain size analysis of different nanocrystalline Co-Cu deposits approximated through Scherer and 
Williamson-Hall approaches as well as the mean grain size from both of these methods (from [194]). 
Sample 
name 
 Scherer approach  Williamson-Hall approach  Mean grain 
size (nm)  Grain size (nm)  Grain size (nm) Micro-strain (%)  
TS-1  7.84  12.86 1.02  10.35 
TS-2  7.39  7.08 0.39  7.24 
TS-3  9.03  71.68 1.30  40.36 
TS-4  8.30  7.76 0.16  8.03 
TS-8  11.03  24.60 0.67  17.82 
 
Figure 7.5f depicts XRD patterns of the selected nanocrystalline Co-Cu samples. Matsui 
et al. [217] proposed that ductility of electrodeposited nanocrystalline materials consisting of a 
fcc-structure depended on crystal orientation and absorbed hydrogen concentration. However, 
XRD analysis in the present work show almost identical XRD-peak patterns. It is supposed that 
crystal orientation (texture) is the same for all samples and it has no significant impact on the 
strength and ductility of nanocrystalline Co-Cu. Interestingly, the XRD-peaks shape (i.e. peak 
intensity and peak broadening) of individual samples are slightly different, which may be 
attributed to factors such as crystallite size, micro-strain, and others. In the present work, XRD 
analysis is focussed on the crystallite size and micro-strain for determination of grain size 
through the Scherer and Williamson-Hall approaches. Grain size determination through these 














Figure 7.6 (a) Bright-field (BF) and (b) dark-field (DF) images obtained by transmission electron microscope 
(TEM) of tensile sample-8 (TS-8) and (c) selected area diffraction (SAD) pattern. (d) Grain size distribution of 
TS-8 measured from BF-TEM image.  
The grain size analysis of TS-1, TS-2, and TS-4 are quite consistent through the two 
different methods. In contrast, grain size analysis of TS-3 and TS-8 from the Williamson-Hall 
approach are significantly different compared to the Scherer approach, which may be attributed 
to micro-strain concentration in the samples. For grain size data confirmation, one sample 
having the highest fracture strain (TS-8) was subjected for transmission electron microscope 
(TEM) measurement. Figure 7.6a,b show a bright-field (BF) and a dark-field (DF) TEM 
images of sample TS-8. A numbers of nano twins are detected in the BF-TEM image (marked 
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with red arrows in Figure 7.6a). The corresponding SAD pattern (Figure 7.6c) shows 
diffraction rings of the fcc-structure of (111), (200), (220), (311) and (222) planes. Grain size 
analysis of TS-8 was performed by using the BF-TEM image and the resulting grain size 
distribution is shown in Figure 7.6d. According to the TEM measurement, the mean grain size 
of TS-8 is 16.1 ± 4.4 nm. Grain size analysis from TEM measurement confirms a very close 
number to the mean grain size calculated from Scherer and Williamson-Hall approaches as 
shown in Table 7.3 (𝐺𝑆𝑀𝑒𝑎𝑛 = (𝐺𝑆𝑆𝑐ℎ𝑒𝑟𝑒𝑟 + 𝐺𝑆𝑊𝑖𝑙𝑙𝑖𝑎𝑚𝑠𝑜𝑛−𝐻𝑎𝑙𝑙)/2, where GS is the grain 
size). In the present work, these mean grain sizes are used for discussion of the dependence of 
strength and ductility on grain size of PED-processed nanocrystalline Co-Cu. 
Deformation behaviour and dislocation mobility in nanocrystalline materials may be 
different compared to conventional coarse grained materials as described in Chapter 2. The 
number of dislocations in the pile-up is reduced with decreasing grain size down to the 
nanometer scale [3, 156]. In case of the grain sizes are smaller than the critical equilibrium 
distance between two dislocations, one grain cannot afford for more than one dislocation inside. 
Thus, dislocation pile-up is impossible at this condition (broken of the Hall-Petch effect) [155]. 
As a result, the strength of nanocrystalline materials will be constant or even decreases with 
grain size reduction. Previous investigations on nanocrystalline Cu [155, 157], Ni [218], and 
Pd [155, 157] showed a failure of the Hall-Petch effect at the grain sizes of below 20 nm. Thus, 
deformation in nanocrystalline materials will be dominated by other mechanism such as grain 
boundary sliding and grain rotation. In this regime, plasticity is predicted to increase with 
decreasing grain size, but the yield strength will be decreased. In the present work, the lowest 
strength and fracture strain was observed in TS-1 and TS-2, which may be attributed to very 
small grain sizes of below 11 nm. In this grain size regime, dislocation pile-up may be limited 
or even does not work, which may have a contribution on the low strength. However, the 
fracture strain in samples TS-1 and TS-2 should increase with decreasing grain size, which is 
not observed here. Low fracture strain in samples TS-1 and TS-2 may be attributed to other 
factors (e.g. processing flaws). Improvement of strength and ductility can be observed with 
increasing grain size as shown in TS-3 and TS-8, which exhibit grain sizes of more than 15 nm. 
In larger grain size regime, the number of dislocation at the pile-up increases which has a direct 
impact on the enhanced of strength and ductility. In the PED-processed nanocrystalline Co-Cu, 
the grain size is likely not an absolute factor for improvement of ductility, for instance, TS-4 
exhibits a moderate ductility similar to TS-3, although having a large differences of grain size. 
Other contributing factors (e.g. processing flaws) are expected to have a crucial contribution on 
strength and ductility. 
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7.1.3. Effect of processing flaws 
According to Koch et al. [171, 172], processing flaws are the most responsible factors on 
low ductility in nanocrystalline materials. The common processing flaws in the PED-processed 
nanocrystalline materials are porosity, crystal growth borders, chemical and/or structural 
inhomogeneity, and internal stresses. In the present work, an obvious chemical and/or structural 
inhomogeneities are not observed in the PED-processed nanocrystalline Co-Cu (see Chapter 
4). Thus, this factor is not included for discussion. Initial investigations of processing flaws 
were performed for sample TS-1 exhibiting the lowest ductility. Figure 7.7a depicts a SE image 
the initial surface morphology of TS-1 observing micro-pores (marked with black arrows) and 








Figure 7.7 (a) Secondary electron image of initial surface morphology of sample TS-1 in planar-view showing 
crystal growth borders and micro-pores marked with white and black arrows, respectively (from [194]). (b) 
Combined SEM-EDS images of TS-1 observing chemical inhomogeneity along the crystal growth borders (from 
[194]). (c) Schematic illustration of growth mechanism in electrodeposition of fcc-structured materials. Black 
arrows correspond to the growth direction (from [217]). 
 113 
 
Effect of porosity 
Pores formation have a detrimental effect on ductility, whereas the stress concentration at 
pores may surpass the critical value which causes crack initiation and early failure [3]. XRD 
patterns of different nanocrystalline Co-Cu deposits show a strong peak intensity of (111) 
planes ({111} fibre texture) reflecting  inhibited lateral-growth mode in the presence of gaseous 
hydrogen as shown in Figure 7.7c. This theory was proposed by Amblard et al. [219] for 
electrodeposition fcc-Ni and developed by Krause et al. [220] for fcc-Co. According to 
Pourbaix diagram of Co, the formation of hydrogen is highly possible during deposition of Co 
at the solution pH of below 7, which may reduce the current efficiency. In the present work, the 
solution pH (pH = 4) and high deposition current density (high potential) have a significant 
impact for the formation of hydrogen gas, which was observable at the cathode upon 
electrodeposition. The hydrogen gas may be trapped in the nanocrystalline deposits leading to 
pore formation and hydrogen absorption. A reduction of pore and hydrogen formation in 
nanocrystalline Co-Cu can be performed by lowering pulse current density (TS-3) and 
shortening pulse-on time (TS-4) or decreasing duty cycle (TS-5, TS-6, and TS-7), whereas these 
samples show an improved ductility compared to TS-1 which exhibits the lowest ductility.  
In the present work, sample TS-1 exhibits pores inside with sizes of 0.5-1.0 µm. Other 
samples (TS-2 to TS-8) may exhibit a smaller size of pores, which is not visible through SEM. 
Of course, the number of pore has also a significant impact to ductility, but it is not discussed 
here. According to Griffith theory of brittle fracture, stress concentration at a crack tip (in this 
case pores) decreases with reducing size of pores. The critical size of pores are crucial. The 
critical size of pores (ac) can be calculated by using the following equation: 
𝐾𝐼𝐶 = 𝑌𝜎0√𝜋𝑎𝑐        [7.2] 
where KIC, σ0, and Y are the stress intensity factor, the actual applied stress, and the 
geometry factor. If the maximum stress at a crack tip exceeds the ultimate stress of material, 
thus, the material failure will occur. A simple calculation of the critical size of pores (ac) was 
performed for the most brittle sample TS-1, which experienced early failure at 0.62 GPa. The 
stress intensity factor (KIC) is assumed 1 MPa√m, which is the lowest theoretical limit for ideal 
brittle materials like silicon. The geometry factor (Y) can be assumed to be Y=1 since the ratio 
of the gauge width (2 mm) and the sizes of pore (0.5-1.0 µm) is very high (>1000). The 
calculation shows that the critical size of pore is 0.83 µm. In case of a more realistic stress 
concentration value (KIC = 5 MPa√m) is used in calculation, it gives a larger critical size of 
pore (ac = 20 µm) which are significantly larger from the sizes of the observed pores (0.5-1.0 
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µm). Thus, the critical size of pores is not surpassed here. As a result, porosity may have a low 
impact on ductility of PED-processed nanocrystalline Co-Cu. Other processing flaws (e.g. 
crystal growth borders) may have a significant impact to ductility. 
 
 
   
Figure 7.8 Secondary electron images of typical fracture surface of tensile sample-1 (TS-1) showing ductile (D1 
and D2) and brittle (B) fracture regions with a clear visibility of crystal growth borders (from [194]). 
Effect of crystal growth borders 
Crystal growth borders may have a crucial impact on ductility, but their effects on the 
mechanical properties nanocrystalline materials are rarely discussed. According to Fischer 
[195], crystal growth borders are formed during the nucleation and growth of “crystals” in the 
electrochemical deposition. One “crystal” comprises up to thousands of nanostructured grains 
with a similar crystal orientations or a fibre texture. Several “crystals” are expected to grow at 
the same time and they approach each other at some point forming crystal growth borders. The 
chemical composition at these borders may differ compared to the surrounding regions (e.g. 
depletion of particular alloying element, segregation of impurities, and others). Figure 7.7b 
depicts a combined SEM-EDS image showing elemental maps of Co and Cu at crystal growth 
borders. They show that these borders consist of a Cu depleted zone with a high Co 
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concentration. These borders are expected to be more brittle and vulnerable to crack initiation 
compared to the surrounding regions which consist of a higher Cu concentration. Figure 7.8 
depicts an image of the fracture surface of sample TS-1 at a selected region observing ductile 
(D1 and D2) and brittle (B) fracture zones. The ductile fracture surfaces (D1 and D2) comprise 
of two regions with different sizes of dimples. Figure 7.8 shows that the brittle fracture at 
crystal growth borders are clearly observed (B) which is possibly the reason for the early failure 
of TS-1. Investigation of the brittle fracture at crystal growth borders of individual samples are 
















Figure 7.9 Secondary electron images of fracture surface of tensile samples deposited at a pulse current density 
of 1000 A/m2, a pulse-on time of 0.5 ms, and various duty cycles: (a) 20% (TS-1), (b) 17.5% (TS-2), (c) 15% (TS-
5), (d) 12.5% (TS-6), and (e) 10% (TS-7). Brittle fracture zones at the crystal growth borders are marked with the 
red freeform shapes. 
Figure 7.9a-e depict secondary electron images of fracture surface of different tensile 
samples (TS-1, TS-2, TS-5, TS-6, and TS-7) deposited at various duty cycles (10% - 20%) and 
fixed pulse current density (1000 A/m2) and pulse-on time (0.5 ms). The fracture surfaces of 
the tensile samples show different fractional area of brittle fracture at the crystal growth borders 
as marked with red free-form shapes in Figure 7.9a-d. A brittle fracture is not observed in TS-
8 (duty cycle of 10%) as shown in Figure 7.9a-e. A schematic graph of the fractional area of 
brittle fracture at the crystal growth borders as a function of duty cycle is shown in Figure 
7.10a. It shows that the fractional area of brittle fracture decreases significantly down to 0% 
with reducing duty cycle from 20% to 10%. A reduction of this processing flaw can be 
performed also by lowering the pulse current density to 800 A/m2 (TS-3) and shortening the 
pulse-on time to 0.3 ms (TS-4). These samples show a significant decrease of the fractional area 
of brittle fracture compared to TS-2 (duty cycle of 17.5%). A significant improvement of 
ductility is achieved with decreasing the fractional area of brittle fracture at crystal growth 
borders as shown in Figure 7.10b. Crystal growth border is expected to have the strongest 








Figure 7.10 (a) Schematic graph of fractional area of brittle fracture at crystal growth borders as a function of duty 
cycle from 10% to 20% at a pulsed current density and a pulsed-on time of 1000 A/m2 and 0.5 ms, respectively. 
Effect of decreasing pulsed current density to 800 A/m2 (TS-3) and shortening pulsed-on time to 0.3 ms (TS-4) on 
the fractional area of brittle fracture at crystal growth borders is also shown in the graph. (b) Schematic graph of 
fracture strain as a function of fractional area of brittle fracture at crystal growth borders. 
Effect of internal stresses 
Internal stresses may also have an impact on ductility of PED-processed nanocrystalline 
Co-Cu. XRD analysis of selected samples (see Figure 7.5f) observe slightly different XRD-
peaks shape (i.e. peak intensity and peak broadening), which may be attributed to micro-strain 
broadening. The micro-strain from XRD pattern of individual samples was calculated through 
the Williamson-Hall approach and the results are presented in Table 7.3. The micro-strain 
broadening is caused by interval lattice distortion, for instance, internal micro stresses. In the 
PED-process, internal micro stresses are generated when the pulse current is on, while stress 
relaxation is expected when the pulse current is off [102, 103, 178]. Stress generation is also 
produced from a deposition at high pulse current densities. In addition, growth inhibition from 
chemical additives [104, 145, 146] may have a contribution on the stress generation too. The 
internal micro-stresses may have a contribution on the ductility of nanocrystalline materials. 
This type of “processing flaw” may lead to the formation of micro- or nano-sized cracks, which 
could be the origin of failure. A reduction of internal micro-stresses is expected to improve 
ductility. This can be performed by extending the time for stress relaxation (e.g. decreasing 
duty cycle or increasing pulse-off time) and shortening time for stress generation (e.g. reducing 
pulse-off time). For instance, all tensile samples, except of TS-3, have a lower micro-strain 
compared to TS-1 (see Table 7.3), which may have a positive contribution on improvement of 




 7.2. Effect of annealing temperatures 
Annealing of nanocrystalline Co-Cu leads to a structural evolution as shown in Chapter 
5. Phase decomposition of Co and Cu with slight grain coarsening is observed at temperatures 
of 450⁰C leading to the formation of an ultrafine grained alloy with two phases Co and Cu. In 
addition, spinodal decomposition can be obtained with no grain coarsening at annealing 
temperatures of 300⁰C. Microhardness tests of Co-Cu alloys with different microstructures (i.e. 
grain size and phase) show different hardening and softening effects due to spinodal and phase 
decomposition. Decomposition in nanocrystalline Co-Cu may change the elastic and plastic 
deformation properties of this material due to different dislocation behaviour and mobility in 
the different microstructures. An improved strength and ductility may be expected here. In this 
section, the effect of annealing temperatures on strength and ductility of nanocrystalline Co-Cu 
is investigated. 
In this section, nanocrystalline Co-Cu samples were deposited at a pulse current density of 
900 A/m2, a duty cycle of 10%, and a pulse-on time of 0.3 ms. The pulsed deposition parameters 
are similar to sample TS-8 (i.e. having the highest ductility) with a slight reduction of pulse 
current density. A higher Cu concentration and a larger grain size may be achieved by reducing 
the pulse current density, whereas an enhanced ductility can be expected. Chemical composition 
of the as-deposited sample is 79.5 at.% Co and 20.5 at.% Cu. Some deposited samples were 
subjected to annealing treatments at different temperatures (200⁰C, 300⁰C, and 450⁰C) for the 
same time period of 24 h. Figure 7.11a depicts a back-scattered electron image of the 
microstructure of the as-deposited sample (TS-9) showing a slightly larger grain size compared 
to TS-8. Grain size analysis from XRD pattern of this sample (Figure 7.12) shows that the grain 
size is between 11-37 nm, which is higher compared to TS-8 (see also Table 7.3). A larger 
grain size is strongly attributed to the deposition at a lower current density. Identical 
microstructures with no significant grain coarsening are observed after annealing at 200⁰C and 
300⁰C for 24 h as shown in Figure 7.11b,c. Grain size analysis from XRD pattern of the sample 
annealed at 200⁰C (Figure 7.12) shows identical result with the as deposited state (TS-9). 
However, TS-9 and TS-10 samples have a slightly different micro-strain broadening effect. In 
contrast, samples annealed at 450⁰C shows a significant grain coarsening (Figure 7.11b), 
whereas the grain size increases to 111.2 ± 34.6 nm. Several twins are also observed in this 
annealed sample. Interestingly, some distinct dark particles (marked with red arrows in Figure 
7.11b) are also detected as an indication of phase decomposition (i.e. precipitation of Co or Cu) 













Figure 7.11 BSE images of the microstructure of (a) as deposited sample (TS-9) and (b-d) samples annealed at 
different temperatures for 24 h: (b) 200⁰C (TS-10), (c) 300⁰C (TS-11), and (d) 450⁰C (TS-12) (from [194]). 
 
 
Figure 7.12 XRD patterns of TS-9 and TS-10, whereas continuous black lines correspond to the fitted XRD data 
(grey lines). The red and green vertical dashed lines represent the position of fcc the structure of Cu and Co, 




Figure 7.13 Engineering stress vs. strain curves of tensile tests at a strain rate of 1.0 × 10-3 s-1 of as deposited (TS-
9) and annealed (TS-10, TS-11, and TS-12) samples (from [194]). 
Table 7.4 Mechanical properties of as deposited (TS-9) and annealed (TS-10, TS-11, TS-12) samples calculated 
from engineering stress vs. strain curves in Figure 7.13. Two samples were mechanically tested for each 






 Annealing  Mechanical properties 










TS-9 0.31 As deposited 1.16 ± 0.01 1.71 ± 0.02 11.37 ± 0.24  
TS-10  0.31  200 24  1.10 1.73 13.38 
TS-11  0.31  300 24  1.40 1.75 5.84 
TS-12  0.35  450 24  1.03 ± 0.08 1.28 ± 0.17 6.05 ± 0.97 
 
Tensile tests at a strain rate of 1.0 × 10-3 s-1 were performed for the as-deposited (TS-9) 
and annealed (TS-10, TS-11, and TS-12) samples. The engineering stress vs. strain curves are 
shown in Figure 7.13, while the detailed information (e.g. yield stress, ultimate stress, and 
fracture strain) can be found in Table 7.4. The engineering stress-strain curves show that TS-9 
exhibits a ductile behaviour, whereas uniform and non-uniform elongations are observed. The 
yield stress, ultimate stress, and fracture strain of the as-deposited sample (TS-9) are 1.16 ± 
0.01 GPa, 1.71 ± 0.02 GPa, and 11.37 ± 0.24%, respectively. The tensile strength of TS-9 is 
slightly lower compared to TS-8 (see also Table 7.3) which may be attributed to a larger grain 
size and a higher Cu concentration due to deposition at a lower current density. On the other 
hand, a lower fracture strain in TS-9 (i.e. compared to TS-8) may be caused by thickness effect. 
The ratio between the thickness (d) of samples TS-9 and TS-8 (dTS-9 /dTS-8 = 0.775) is close to 
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the ratio between the fracture strains (εf ) of samples TS-9 and TS-8 ( 𝑓,𝑇𝑆−9 𝑓,𝑇𝑆−8⁄ = 0.72), 
which could be an indication of thickness effect. Secondary electron (SE) image of the surface 
morphology of TS-9 (Figure 7.14a) show a necking effect and fracture oriented at ~45⁰ towards 
loading direction, which is typical for ductile fracture. In addition, ductile fracture surface with 










Figure 7.14 (a,c) SE images of surface morphology of (a) TS-9 and (c) TS-10 after tensile deformation (from 
[194]). (b,d) SE images of fracture surface of (a) TS-9 and (b) TS-10 (from [194]). 
According to engineering stress-strain curves (Figure 7.13), the sample annealed at 200⁰C 
for 24 h (TS-10) exhibits a ductile behaviour with identical yield and ultimate stresses compared 
to the as-deposited state (TS-9) (see data in Table 7.4). Interestingly, annealing at 200⁰C for 24 
h leads to an enhancement of ductility, whereas the fracture strain increases to 13.38%. SE 
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image of the surface morphology of TS-10 (Figure 7.14a) show more significant necking effect 
compared to as-deposited sample (TS-9). A ductile fracture surface with dimple structures is 
also observed in this annealed sample (Figure 7.14d). Recovery processes (e.g. grain boundary 
relaxation, internal stresses annihilations, and absorbed hydrogen release) may have a 
contribution on the improvement of ductility after annealing at 200⁰C for 24 h. This possibility 
has been proposed by Bachmaier et al. in nanocrystalline Co-Cu (74 at.% Cu) [27] and 
Oberdorfer et al. in nanocrystalline Cu [221]. Comparing with the as-deposited state, the micro-
strain of the 200⁰C-annealed sample (Figure 7.12) decreases from 0.8% to 0.49%, which could 
be an indication of recovery processes. More investigation on the measurement of internal 
stresses and absorbed hydrogen concentration at 200⁰C are needed for revealing the reason of 
the improved ductility. 
The tensile test of a sample annealed at 300°C for 24 h (TS-11) shows an increased yield 
strength to 1.40 GPa compared to the as-deposited state (TS-9) (Figure 7.13 and Table 7.4). 
According to investigation in Chapter 5, an annealing treatment of nanocrystalline Co-Cu at 
300⁰C leads to the spinodal decomposition of the supersaturated solid solution Co-Cu, whereas 
a formation of 5-10 nm sized regions with high concentration of Co (~95 at.% Co) and Cu (~90 
at.% Cu) are observed. These Co- and Cu-rich regions may act as ‘precipitates’, which are 
distributed mainly at the grain boundaries. If these ‘precipitates’ is coherent with the matrix of 
crystal structure, they may have a strong contribution on the strengthening mechanism in 
nanocrystalline Co-Cu. However, annealing at 300°C for 24 h does not improve ductility, 
whereas the fracture strain decreases to 5.84%. The fracture surface image of TS-11 (Figure 
7.15a) depicts two ductile fracture zones with different sizes of dimples (region I and II). The 
dimple sizes in region I and region II are 500-1000 nm and 20-300 m, respectively. The 
microstructure in these regions may be different, which have an impact on lower ductility 
compared with the as-deposited state.  
Compared to as-deposited state (TS-9), the engineering stress-strain curve of a sample 
annealed at 450°C for 24 h (TS-12) shows a decrease of yield and ultimate strength to 1.03 ± 
0.08 GPa and 1.28 ± 0.17 GPa, respectively (Figure 7.13 and Table 7.4). The reduction of 
strength is strongly attributed to grain coarsening of nanocrystalline Co-Cu at 450°C. Regarding 
Hall-Petch effect, the strength of nanocrystalline materials usually decreases with grain 
coarsening but the ductility is likely to increase. Thus, an increased fracture strain is expected 
at the 450°C-annealed sample. However, the fracture strain of TS-12 unexpectedly decreases 
to 6.05 ± 0.97%. Secondary electron image of the fracture surface of TS-12 (Figure 7.15b) 
shows no brittle fracture, whereas ductile fracture with dimple structures is dominantly 
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observed. Therefore, the early failure in this annealed sample may be caused by small defects 
or phases having a brittle behaviour within the samples. The fracture image of sample TS-12 
shows some spots with different structure as marked with the red free-form shapes in  Figure 
7.15b. According to investigation in Chapter 5, annealing at 450°C for 24 h leads to phase 
decomposition of solid solution Co-Cu, whereas the formation of fcc-Co, fcc-Cu and hcp-Co 
are detected. The hcp-Co phase is more brittle compared to fcc-structure and this may cause the 
reduced fracture strain. The decreased ductility may be contributed also by segregation of 
impurities at grain boundaries (i.e. sulphur coming from saccharin and SDS). A previous work 
by Hibbard et al. [23] showed that sulphur diffusion to grain boundaries of nanocrystalline Co 
was possible at temperatures of higher than 300⁰C. Segregation of sulphur at grain boundaries 








Figure 7.15 Secondary electron images of fracture surface of samples annealed at (a) 300⁰C (TS-9) and (b) 450⁰C 




 7.3. Discussion of the results in Chapter 7 
Investigations on the effect of deposition parameters on strength and ductility of PED-
processed nanocrystalline Co-Cu have been already performed. Significant improvements of 
strength and ductility can be achieved by reducing duty cycle, pulse current density, and pulse 
on-time. Controlling these deposition parameters may change chemical composition, 
microstructure, and processing flaws characteristics. The strength and ductility of PED-
processed nanocrystalline Co-Cu are attributed to some factors. (i) The Cu concentration had a 
significant impact to ductility of PED-processed nanocrystalline Co-Cu, whereas ductility 
increases with increasing Cu concentration. This Cu element has a role for solid solution 
strengthening of Co-Cu system, stabilizing the nanostructured grains, and increasing possible 
slip systems for plastic deformation (hcp Co → fcc Co-Cu). (ii) The grain size effect was evident 
for showing the increase of strength in the PED-processed nanocrystalline Co-Cu. The samples 
having a grain size of below 10 nm showed the lowest strength, whereas the failure of Hall-
Petch effect may occur. Thus, deformation process may be dominated by other mechanisms 
(e.g. grain boundary sliding). However, the effect of grain size on fracture strain or ductility is 
still unclear, whereas a good ductility was observed in the samples with different mean grain 
sizes from ~8 nm to ~40 nm. (iii) A number of pores sized of 0.5-1.0 µm were observed in the 
sample having the lowest fracture strain. However, calculations showed that the critical size of 
pore for brittle fracture ranges from 0.85 µm to 20 µm at stress intensity factors of 1-5 MPa√m, 
which is significantly larger than the size of the observed pore (0.5-1.0 µm). As a consequence, 
porosity may have a weak impact on low ductility of the PED-processed nanocrystalline Co-
Cu. (iv) According to the results, reduction of number and size of the crystal growth borders 
had the most significant impact to ductility of the PED-processed nanocrystalline Co-Cu. The 
results showed that the fracture strain increased with decreasing fractional area of brittle 
fracture at the crystal growth borders. Reducing duty cycle had the most significant impact for 
reducing the crystal growth borders. In this region, the Cu depleted zones with high Co 
concentration were observed, whereas this area exhibited a more brittle properties than the 
surrounding regions with significantly higher Cu concentration. Co-deposition of impurities 
(e.g. sulphur, hydrogen) is also expected in these regions, which have an impact to ductility. 
Investigations on the effect of annealing temperatures on strength and ductility of PED-
processed nanocrystalline Co-Cu have been also performed. Annealing at 200⁰C led to an 
improved ductility, which may be attributed to recovery processes (e.g. grain boundary 
relaxation, internal stresses annihilations, and absorbed hydrogen release). The 200⁰C-annealed 
sample exhibited for almost identical yield and ultimate tensile stress compared to the as-
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deposited state. Annealing at 300⁰C led to an increase of strength, but ductility tends to decrease 
significantly. The formation of Co and Cu ‘precipitates’, which was formed during spinodal 
decomposition of solid solution Co-Cu at 300⁰C, had a strong impact for enhancement of 
strength in this annealed sample. However, the reason for a decrease of fracture strain was still 
unclear. Annealing at 450⁰C led to decrease of strength and ductility. Grain coarsening in the 
450⁰C-annealed samples had a significant impact to decrease of strength. However, a clear 
evidence for the decrease of ductility was not observed. Two factors may have a significant 
impact on ductility in this annealed sample, these are: (i) a brittle hcp-Co phase which was 
formed during phase decomposition at 450⁰C; (ii) grain boundary embrittlement due to 
segregation of impurities (e.g. sulphur) to grain boundary. Observation of hcp-Co phase has 
been revealed by the XRD measurement as shown in Chapter 5. Further investigations are 
needed in the future for revealing segregation of sulphur to grain boundaries as observed by 






Figure 7.16 Compilation of data of the yield strength and the fracture strain of various nanocrystalline and 
nanotwin Cu, Co, and Co-Cu: (a) yield strength vs. fracture strain; (b) fracture strain vs. grain size. Data were 
collected from literatures (see the reference number in the legend notes of the respective data).  
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Comparison of the PED-processed nanocrystalline Co-Cu (20-22 at.% Cu) with other 
nanocrystalline Co, Cu, and Co-Cu is discussed. Figure 7.16a depicts a compilation of data of 
yield strength vs. fracture strain of the various nanocrystalline Co, Cu, and Co-Cu. In addition, 
the effect of grain size to ductility of nanocrystalline Co, Cu, and Co-Cu are also plotted in 
Figure 7.16b. The graphs show that PED-processed nanocrystalline Co-Cu alloys exhibit the 
highest strength compared to nanocrystalline Co and Cu. Strengthening mechanism in the PED-
processed nanocrystalline Co-Cu alloys may be influenced by some factors. First, the grain size 
of PED-processed nanocrystalline Co-Cu was ~16 nm, and this number is the 2nd smallest 
compared to other materials (see Figure 7.16b). This results in grain boundary or grain size 
reduction strengthening (Hall-Petch effect), which improved the yield strength of this material. 
Second, PED-processed nanocrystalline Co-Cu exhibited a supersaturated solid solution phase 
with fcc structure, whereas solid solution strengthening can be expected. For instance, PED-
processed nanocrystalline Co [39, 40] has a smaller grain size than nanocrystalline Co-Cu (see 
Figure 7.16b), but nanocrystalline Co-Cu shows a higher yield strength which may be 
contributed by solid solution strengthening. Third, a number and size of processing flaws may 
have an impact to the yield strength. Processing flaws (e.g. porosity) have been reported as a 
major challenge to achieve a high ductility in nanocrystalline materials, thus, a very high 
strength was rarely observed due to early failure. In contrast, the PED-processed nanocrystalline 
Co-Cu (samples TS-7 and TS-8) showed a very small number and size of processing flaws (e.g. 
porosity, crystal growth borders, etc.) Moreover, the size of pore in the PED-processed 
nanocrystalline Co-Cu was significantly smaller than the critical size of pore for brittle fracture, 
in which brittle fracture from the pore was not expected in this material. 
Figure 7.16a shows that PED-processed nanocrystalline Co-Cu alloys exhibit a high 
ductility compared to other nanocrystalline Co and Cu. According to data, only ED-processed 
nanocrystalline Cu [42] has a higher fracture strain than PED-processed nanocrystalline Co-Cu, 
but a yield strength of this material is very low even compared with other nanocrystalline Cu. 
It is believed that an improved strength and ductility of PED-processed nanocrystalline Co-Cu 
is highly contributed by a low number and a small size of processing flaws (e.g. porosity, crystal 
growth borders, etc.). The effect of grain size to ductility has been reported elsewhere [172], 
whereas a low ductility in nanocrystalline materials may be influenced by a very small grain 
size of below 50 nm. However, Figure 7.16b show that a very small grain size may have a low 
impact to ductility, whereas the fracture strain of beyond 10% are observed from materials 
having a grain size of bellow 30 nm. There is no conclusion can be made concerning the grain 
size effect to ductility. 
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The PED-processed nanocrystalline Co-Cu (20-22 at.% Cu) shows a significantly higher 
ductility compared to ED-processed nanotwin Co-Cu (7 wt.% Cu) [31]. Of course, ED-
processed nanotwin Co-Cu has a higher yield strength, but the maximum/ultimate tensile 
strength of this material (1857 MPa) is slightly lower than PED-processed nanocrystalline Co-
Cu (1950-1980 MPa). ED-processed nanotwin Co-Cu (7 wt.% Cu) may have a lower strain 
hardening capacity than PED-processed nanocrystalline Co-Cu, which may have an impact to 
a lower ductility in this material. However, the reason of low ductility of ED-processed 
nanotwin Co-Cu (7 wt.% Cu) was not clearly explained by the authors [31]. Comparing with 
the HPT-processed nanocrystalline Co-Cu (74 at.% Cu) [16], PED-processed nanocrystalline 
Co-Cu (20-22 at.% Cu) showed a higher strength and ductility. However, it must be noticed 
that fracture strain measurement for HPT-processed nanocrystalline Co-Cu (74 at.% Cu) was 
performed at a strain rate of 1×10-3 s-1, which is a ten times higher than the strain rate used in 
the present work (1×10-4 s-1). Bachmaier et al. [16] showed that the elongation to fracture 
increased to ~12% with decreasing strain rate to 2×10-4 s-1. The fracture strain may increase 
with reducing strain rate to 1×10-4 s-1 (used in the present work), thus, the fracture strain of 
HPT-processed nanocrystalline Co-Cu (74 at.% Cu) may be similar with the PED-processed 
nanocrystalline Co-Cu (20-22 at.% Cu). Discussion should be focussed more on the differences 
of the yield strength. In comparison with HPT-processed nanocrystalline Co-Cu (74 at.% Cu) 
[16], a significant improvement of the yield strength was found in PED-processed 
nanocrystalline Co-Cu (20-22 at.% Cu). This may be contributed by some factors, these are: (i) 
grain size reduction/grain boundary strengthening (Hall-Petch effect), whereas the grain size of 
this material (~16 nm) is 5-6 timer smaller than HPT-processed nanocrystalline Co-Cu (74 at.% 
Cu); (ii) a higher concentration of Co; (iii) the different types and numbers of lattice defects 
(e.g. number of twins, dislocation density, etc.), whereas twin structures are observed in this 
material as shown in Figure 7.6; (v) co-deposition of impurity elements (e.g. sulphur). 
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Chapter 8 – Fatigue properties of bulk 
nanocrystalline Co-Cu 
 
Figure 8.1 Schematic picture of stress profile used in the stress-controlled fatigue test. Fatigue tests parameters 
for constant amplitude test (CAT) and load increase test (LIT) are shown in Table 8.1 and Table 8.2, respectively. 
 8.1. Fatigue test methods 
The fatigue behaviour of the PED-processed nanocrystalline Co-Cu was studied by using 
TS-8 samples showing the highest ductility in the previous chapter (see Chapter 7). This 
sample exhibits a tensile yield stress, an ultimate tensile stress, and a fracture strain of 1.21 ± 
0.08 GPa, 1.98 ± 0.03 GPa, and 15.95 ± 0.09%, respectively. The samples were deposited at a 
pulse current density, a duty cycle, and a pulse-on time of 1000 A/m2, 10%, and 0.3 ms, 
respectively. The sample’s dimension is similar with the tensile specimen as shown in Figure 
3.4b. Stress-controlled fatigue tests were performed in two different modes: (i) constant 
amplitude/load test (CAT) and (ii) load increase test (LIT). Figure 8.1 shows a schematic 
picture of the stress profile used in the stress-controlled fatigue tests. The stress level was varied 
in the present work, while the stress ratio (R) was kept constant at 0.1 for all experiments. The 




        [8.1] 
∆𝜎 = σmax − σmin        [8.2] 




Figure 8.2 Schematic picture of the resonant fatigue testing machine showing some important components such 
as the load frame, the actuator, the fatigue sample, and the sample holder. 
The resonant fatigue testing machine was used in the present work and the schematic 
picture of this machine is shown in Figure 8.2. This machine works based on the spring mass 
system, whereas the system frequency (f) is a function the stiffness of the system (c) as 
described in Figure 8.2. Thus, the system frequency may predict the stiffness behaviour during 
cyclic loading. The stiffness of the system is a function of factors coming from the fatigue 
sample, sample holder, machine, and others. For instance, a decrease of frequency may indicate 
a lower stiffness of the system, which may correspond to factor such as crack formation and 
propagation. In contrast, an increase of frequency may correspond to an increase of stiffness of 
the system, which may be attributed to some factors such as sample alignment, clamping of the 
sample holder, and others.  
Table 8.1 Stress parameters that were used in constant amplitude/load fatigue test (CAT). Stress ratio was kept 















CAT-I 0.55 397.9 ± 2.7 217.9 ± 2.7 180.0 ± 0.1 360.0 ± 0.2 64,237 
CAT-II 0.55 301.6 ± 0.6 166.6 ± 0.6 135.0 ± 0.1 270.0 ± 0.1 831,193 
CAT-III 0.42 148.1 ± 1.2 82.6 ± 1.2 65.5 ± 0.0 131.0 ± 0.0 276,013 
CAT-IV 0.55 180.6 ± 0.5 98.8 ± 0.5 81.8 ± 0.0 163.6 ± 0.0 366,367 
CAT-V 0.50 109.4 ± 1.5 60.3 ± 0.7 49.1 ± 1.3 98.3 ± 2.5 NA 
 
Five constant amplitude/load test (CAT) and two load increase test (LIT) samples were 
subjected to stress-controlled fatigue tests at different stress levels as shown in Table 8.1 and 
Table 8.2. The frequency of the system data was recorded during fatigue test for predicting the 
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stiffness of the system. Strain measurements of fatigue samples were recorded from the cross-
head displacement. Displacement data of CAT-I and CAT-II samples was not recorded by 
coincidence. The displacements data of CAT-V and LIT-II samples were additionally recorded 
by using the video-extensometer for validation of cross-head displacement.  
Table 8.2 Stress parameters that were used in load increase fatigue test (LIT). Stress ratio is kept constant at 0.1. 
















131.1 ± 1.1 73.4 ± 0.9 57.8 ± 0.8 115.5 ± 1.5 1,000,000 
157.8 ± 0.9 87.5 ± 0.9 70.3 ± 0.0 140.6 ± 0.1 1,000,000 
180.5 ± 1.0 98.4 ± 1.0 82.0 ± 0.0 164.1 ± 0.0 200,724 
LIT-II 0.50 
107.1 ± 1.8 60.2 ± 0.6 46.9 ± 1.4 93.7 ± 2.8 1,000,000 
121.5 ± 1.2 68.9 ± 0.8 52.6 ± 0.5 105.3 ± 0.9 1,000,000 
130.9 ± 1.2 73.3 ± 1.0 57.6 ± 0.6 115.2 ± 1.1 1,000,000 
141.8 ± 1.3 78.1 ± 0.8 63.7 ± 0.8 127.4 ± 1.6 1,000,000 
152.9 ± 0.4 83.7 ± 0.4 69.2 ± 0.1 138.4 ± 0.2 876,864 
 
8.2. Constant amplitude fatigue test 
Constant amplitude fatigue test of CAT-I sample was performed at the highest stress levels 
compared to other samples (see Table 8.1), which is about ~33% of the yield strength. Crack 
formation with a length of 1.55 mm was observed after 64,237 load cycles (see Figure 8.3a). 
Figure 8.3b shows a slight increase of ∆frequency up to ~58,000 load cycles (X-position), 
which may be caused by factor such as a sample alignment. ∆Frequency starts to decline at this 
load cycle, which may be attributed to crack initiation as marked with a black arrow in Figure 
8.3b. The decline of ∆frequency is more pronounced in the following load cycles indicating 
crack propagation. BSE image of the microstructure at the area next to the crack tip (Figure 
8.3c) shows no significant change of microstructure (e.g. grain coarsening) as observed in the 
cyclic bending test of the micro beam of supersaturated solid solution nanocrystalline Co-Cu 
(see Chapter 6). Interestingly, the crack branching is observed in BSE image (marked with the 
white arrows in Figure 8.3c), which may be attributed to interaction between crack propagation 










Figure 8.3 (a) Secondary electron image of surface morphology of CAT-I sample after 64,237 load cycles showing 
a crack formation. (b) ∆Frequency profile as a function of load cycles from fatigue test of CAT-I sample. (c) Back-
scattered electron image of microstructure at the area marked with red rectangular shape in (a). 
The constant amplitude fatigue test of CAT-II sample was conducted at a lower stress level 
compared to CAT-I sample (see Table 8.1). Maximum stress of CAT-II sample is proportional 
to ~25% of the yield strength. Surface morphology of CAT-II sample (see Figure 8.4a) depicts 
a total fracture with moderate necking after 831,193 load cycles. Figure 8.4b shows a slight 
increase of ∆frequency from initial to ~300,000 load cycles (A-position), which may be caused 
by the sample alignment. ∆Frequency starts to decrease at this point (A-position), which may 
be attributed to crack initiation. Afterwards, slight decrease of ∆frequency remains visible at 
the following load cycles up to the ~810,000th load cycle (B-position in Figure 8.4b), which 
may correspond to slow fatigue crack growth. ∆Frequency drops drastically after the ~810,000th 
load cycle (B-position) as indication of rapid fatigue crack growth. Figure 8.4c shows the 
fracture surface images of CAT-II sample, observing three regions with different surface 
characteristics. The first region shows a brittle fracture surface, which could be the origin of the 
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crack (region-i in Figure 8.4c). The second region depicts a different fracture surface with 
striation morphology, which corresponds to slow fatigue crack growth (region-ii Figure 8.4c). 
The third region observes a ductile fracture surface with dimple structures at a necking position, 









Figure 8.4 (a) Secondary electron (SE) image of surface morphology of CAT-II sample after 831,193 load cycles 
showing materials rupture with necking. (b) ∆Frequency profile as a function of load cycles from stress-controlled 
fatigue test of CAT-II sample. (c) SE electron image of fracture surface of CAT-II sample showing different 
characteristic of fracture surface: (i) brittle fracture surface (crack initiation region), (ii) slow fatigue fracture 

















Figure 8.5 Stress level, ∆frequency, and strain range profiles as a function of load cycles from stress-controlled 




The constant amplitude fatigue tests of CAT-III and CAT-IV samples were performed at 
maximum stress and stress range of below 200 MPa as shown in Table 8.1 and Figure 8.5a,d. 
Figure 8.5b,e show that ∆frequency of CAT-III and CAT-IV samples increase initially for 
~50,000 load cycles, which may be caused by the sample alignment. The ∆frequency of CAT-
III and CAT-IV samples decline after ~240,000 and ~340,000 load cycles (X-position in Figure 
8.5b,e) indicating that crack initiation and propagation may be occurred. Strain range of CAT-
III and CAT-IV samples (Figure 8.5c,f) are quiet constant up to the ~240,000th and ~340,000th 
load cycle (X-position), respectively. Strain range of CAT-III and CAT-IV samples start to 
increase at these load cycles (X-position) which may correspond to crack initiation. The 
increase of strains are more pronounced at the following load cycles which is attributed to crack 
propagation. Cracks with a length of ~1 mm were observed in CAT-III and CAT-IV samples 









Figure 8.6 (a) Stress levels, (b) ∆frequency, and (c) strain range as a function of load cycles from stress-controlled 




The constant amplitude fatigue test of CAT-V sample was performed at the lowest stress 
levels as shown in Table 8.1 and Figure 8.6a. The test was interrupted accidentally at the 
~660,000th load cycle (S-position in Figure 8.6a) due to system failure. The test could be started 
again at a similar stress level up to (in total) 770,807 load cycles with no crack formation or 
failure detected. A significant increase of ∆frequency of 2 Hz is observed from initial to A-
position, which may correspond to some factors such as sample alignment (see Figure 8.6b). 
The ∆frequency is rather constant from the ~660,000th load cycle (B-position) to the ~710,000th 
(C-position) load cycle, but it increases drastically up to 10 Hz in the following load cycles. 
Strain measurement of CAT-V sample was performed by measuring cross-head displacement 
and displacement with a video-extensometer. However, the strain measurement from a video-
extensometer is extremely unstable as shown in the strain range profile (Figure 8.6c). The strain 
measurement from cross-head displacement is more reliable for analysis. The significant 
decrease of strain range and strain amplitude is observed mainly after the ~710,00th load cycle 








Figure 8.7 (a) Stress level, (b) ∆frequency, and (c) strain range profiles as a function of load cycles from stress-
controlled fatigue test of LIT-I sample. Strain measurements were recorded from cross-head displacement. 
 136 
 
8.3. Load increase fatigue test 
The fatigue test of LIT-I sample was performed at three different stages of stress levels as 
shown in Table 8.1 and Figure 8.7a. The first and second stage of fatigue tests were conducted 
individually for 1 million load cycles, while the third stage fatigue test was performed until 
failure (200,724 load cycles). A 0.76 mm length crack at shoulder section and a dent at gauge 
section were observed at the end of the fatigue test. Upon the stage-I and stage-II of fatigue test, 
∆frequency increases from initial to peak position (marked with A- and B-position in Figure 
8.7b), but it decreases gradually for the rest of cycles in the individual stages. The A- and B-
positions correspond to the ~450,000th and ~1,250,000th load cycle, respectively. A significant 
increase of ∆frequency may be caused by the alignment of the sample or even error in the 
measurement. In contrast, the decrease of ∆frequency in LIT-I sample may be attributed to 
crack initiation and propagation. Strain analysis was performed (see Figure 8.7c) and show that 
strain range profile is rather constant upon the stage-I and stage-II. Upon the stage-III fatigue 
test, rapid crack propagation is also confirmed from strain analysis, whereas strain range 
increases significantly. Further investigation is needed for validation of the significant increase 
and decrease of strain and ∆frequency, respectively, which can be influenced by some factors 
such as the sample alignment, error in the measurement, or even the hardening effect. 
The fatigue test of LIT-II sample was performed at five different stages of stress level as 
shown in Table 8.1 and Figure 8.8a. Individual stages of the fatigue test were performed for 1 
million load cycles, but the stage-V fatigue test failed after 876,864 load cycles. Figure 8.8b 
shows a gradual increase of ∆frequency upon the stage-I, -II, -III, and -IV of fatigue test, which 
could be an indication of sample alignment. In contrast, ∆frequency starts to decrease after 
~300,000 load cycles of stage-V, which may be attributed to crack initiation and propagation. 
Strain measurement of LIT-II sample was recorded from cross-head displacement and video-
extensometer. However, strain measurement from video-extensometer is extremely unstable as 
shown in the strain range profile (Figure 8.8c), thus, the data is not reliable for strain analysis. 
Strain analysis from cross-head displacement (detailed figure in Figure 8.8c) shows a slight 
decrease of strain range upon the stage-I, -II, -III, and -IV of fatigue test confirming sample 
alignment as observed in ∆frequency analysis. Figure 8.8c also depicts an increased strain 











Figure 8.8 (a) Stress level, (b) ∆frequency, and (c) strain range profiles as a function of load cycles from stress-







Figure 8.9 (a) Secondary electron (SE) image of surface morphology of CAT-III sample shows plastic strain at 
the area nearby the crack tip. (b) Secondary electron (SE) image shows the actual position for APT lift-out nearby 
the crack tip indicated by a red rectangular shape. 
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8.4. Microstructure change during fatigue test 
Fatigue tests of bulk nanocrystalline Co-Cu have been performed and show some 
interesting results. The increase of ∆frequency is observed in all fatigue tests which may be 
attributed to some factors such as the sample alignment, error in the measurement, or even a 
hardening effect. Discussion should be focussed on the possible hardening mechanism upon 
mechanical cyclic loading. Accumulation of plastic strain and dislocation processes may have 
an impact to hardening during fatigue test. In nanocrystalline Co-Cu, a hardening effect may 
correspond to spinodal decomposition of solid solution Co-Cu. Further investigation is needed 
for investigation of the possible spinodal decomposition during mechanical cyclic loading in 
nanocrystalline Co-Cu and the influence on the elastic modulus 
One sample is selected for microstructural investigation. Figure 8.9a shows a surface 
morphology image of CAT-III sample observing significant plastic strains at the area nearby 
the crack tip. This region may experience a higher stress level compared to other positions due 
to stress concentration at the crack tip. As a consequence, high accumulation of local plastic 
strain is expected at this position, which may lead to Co and Cu elemental diffusion and spinodal 
decomposition. Atom probe tomography (APT) measurements were performed at this selected 
position as marked with a red rectangular shape in Figure 8.9b and two APT reconstructions 
were made at this position.  
Figure 8.10a,b show combined APT elemental maps with iso-concentration surface at 40 
at.% Cu and 70 at.% Co and their one-directional concentration profiles from reconstruction-I 
and reconstruction-II. Regarding chemical composition, solid solution composition of this 
nanocrystalline Co-Cu should consists of 20-35 at.% Cu and 65-80 at.% Co. Interestingly, small 
compositional fluctuations up to 50 at.% Cu are observed from these APT reconstructions. In 
addition, APT elemental maps shows a quiet large region with iso-concentration surfaces at 40 
at.% Cu. These compositional fluctuations may be influenced by some factors, for instance, 
inhomogeneous chemical distribution and in-progress spinodal or chemical decomposition 
during cyclic loading. Further analysis is needed for revealing the maximum concentration of 
Co or Cu in these APT reconstructions. For revealing the maximum concentration of Cu, iso-
concentration surface was increased up to 50 at.% Cu, which is quiet far from the solid solution 
composition of 20-35 at.% Cu. Figure 8.10c shows the APT elemental maps from 
reconstruction-I show a small region with Cu concentration of higher than 50 at.%. The one-
directional concentration profile in this reconstruction reveals that the maximum concentration 
of Cu is ~55 at.%. However, this Cu concentration is not high enough to prove whether there is 









Figure 8.10 Combined APT elemental maps and iso-concentration surface profiles at 40 at.% Cu and 70 at.% Co 
from (a) reconstruction-I and (b) reconstruction-II. (c) Combined APT elemental maps and iso-concentration 
surface profiles at 50 at.% Cu from reconstruction-I. (a-c) The one-dimensional concentration profiles were 
constructed from blue vertical tubes on the respective elemental maps (black arrows: measurement direction). 
Length scale is in nm. 
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 8.5. Discussion of the results in Chapter 8 
The constant amplitude fatigue tests (CAT) and load increase fatigue tests (LIT) of PED-
processed supersaturated solid solution nanocrystalline Co-Cu have been performed. This 
material could withstand for few million load cycles at a maximum stress of ~100 MPa (~10% 
of yield strength), which could be the endurance limit of this material. This number is low 
compared to coarse grain materials with endurance limit of ~40-50% of their yield strength. 
The cycles to failure of nanocrystalline Co-Cu declined with increasing the maximum stress 
level. For instance, the cycles to failure at the highest maximum stress level of ~400 MPa (~33% 
of yield strength) is only ~65,000 load cycles. Further improvement is needed to improve the 
fatigue resistance of PED-processed nanocrystalline Co-Cu. 
In the fatigue tests of PED-processed nanocrystalline Co-Cu, the increase of frequency 
were observed in all fatigue tests. In the present work, the sample size was very small compared 
to the whole system (sample, sample holder, and testing machine), thus, interpretation of the 
system frequency or the stiffness of the system will be complicated since it may be caused by 
several factors. It is likely that alignment of the small sample is a major challenge, whereas an 
increase of frequency was commonly observed at the initial load cycles of fatigue test. Of 
course, there was a sample having a significant increase of frequency and a significant decrease 
of strain measurement at the end of the test (e.g. CAT-V). However, the strain measurement 
from cross-head displacement is not accurate enough, while the strain measurement from a 
video-extensometer was extremely unstable. In addition, error in measurement is highly 
possible due to very small sample used in the present work.  
A possible hardening effect including an increase in elastic modulus from a significant 
increase of frequency cannot be excluded for nanocrystalline materials. In the coarse grain 
materials, the stiffness or elastic modulus does not change even after thermal or mechanical 
loading (e.g. annealing, cold rolling, etc.), which lead to the microstructural change and 
increase/decrease of the strength. In nanocrystalline materials, the stiffness or elastic modulus 
may change due to microstructural changes (e.g. hardening, softening, etc.), which may be 
caused by the very small grain size and the large grain boundary regions. However, APT 
measurements did not observed a significant decomposition of Co and Cu (e.g. Co-/Cu-rich 
regions or extreme compositional fluctuation). Of course, some spots with concentration of Cu 
up to 55 at.% were observed, whereas this composition is far from the solid solution 
composition (20-35 at.% Cu). However, this may be attributed to the inhomogeneous chemical 
distribution, which can be found in the small volume observed from APT measurement. In the 
present, no conclusion can be made concerning of an increase of frequency.
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Chapter 9 – Conclusion and Suggestions 
 9.1. Conclusion  
Investigations on the synthesis, characterization, thermal and mechanical stability of 
pulsed electrodeposited (PED) processed Co-rich nanocrystalline Co-Cu have been performed. 
Some important results are obtained from the investigations, which can be summarized follows. 
i. Compact, thick, and homogeneous bulk samples of Co-rich nanocrystalline Co-Cu films 
have been successfully deposited through the pulsed electrodeposition (PED) technique. 
The recommended pulsed deposition parameters are pulse current density of 1000 A/m2, 
duty cycles of below 20%, and pulse-on times of below 2 ms. Two samples with different 
dimension were deposited. The first type of deposit with a surface diameter of 12 mm and 
thickness up to ~400 µm comprises of ~28 at.% Cu. The second type of deposit with a 
surface area of 21×21 mm2 and thickness up to ~700 µm has a Cu content of lower than 
25 at.%.  
ii. As deposited nanocrystalline Co-Cu (28 at.% Cu) with a surface diameter of 12 mm and 
thickness up to ~400 µm has a mean grain size of 22.7 ± 8.2 nm. Nanocrystalline Co-Cu 
(28 at.% Cu) exhibits a supersaturated solid solution phase with face centered cubic (fcc) 
structure. Chemical composition at nanometer scale is not perfectly homogeneous, but 
short range fluctuation is not detected from APT measurements. As deposited 
nanocrystalline Co-Cu (28 at.% Cu) has a high microhardness of 4.45 ± 0.07 GPa, which 
may be contributed by factors such as very fine grain size (Hall-Petch effect), solid 
solution strengthening, presence of twins, co-deposition of impurity elements (e.g. 
sulphur and carbon), and lattice defects. 
iii. PED-processed nanocrystalline Co-Cu (28 at.% Cu) showed an improved thermal 
stability compared with nanocrystalline pure Co and pure Cu. Spinodal decomposition of 
solid solution Co-Cu was detected at annealing temperature of 300°C, whereas 5-10 nm 
length of regions with high concentration of Co (>95 at.%) and Cu (>90 at.%). Spinodal 
decomposition have a contribution on the increase of hardness (i.e. hardening) at this 
annealing temperature. Grain coarsening in the PED-processed nanocrystalline Co-Cu 
may be started at 400°C, whereas ufg and nanocrystalline structures are observed with a 
slight decrease of hardness. Concentration of Cu have a contribution on the thermal 
stability of nanocrystalline Co-Cu, whereas there must be an optimum range of Cu 
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concentration for good thermal stability. Significant grain coarsening and distinct phase 
separation of solid solution Co-Cu were observed at the higher temperatures (≥400⁰C). 
Phase decomposition of Co-Cu has a significant contribution for grain coarsening 
inhibition and improving the magnetic properties of very fine grain Co-Cu.  
iv. Static micro-bending test showed that PED-processed nanocrystalline Co-Cu (28 at.% 
Cu) has a combined high yield strength (2.5–3.8 GPa) and high ductility with no crack 
formation observed after deformation. Cyclic micro-bending test of nanocrystalline Co-
Cu (28 at.% Cu) showed different effects (i.e. hardening and softening) at different plastic 
strain amplitudes. Accumulation of plastic strains may have a contribution on 
elemental/grain boundary diffusion and dislocation processes which may lead to 
hardening, softening, and grain coarsening in nanocrystalline Co-Cu during mechanical 
cyclic loading. 
v. Investigation on the bulk samples nanocrystalline Co-Cu (i.e. surface area of 21×21 mm2 
and thickness up to ~700 µm) showed that pulsed deposition parameters have significant 
impacts on the chemical composition, grain size and processing flaws characteristic (e.g. 
porosity, crystal growth borders, and internal stresses). These factors have significant 
impacts on strength and ductility. The tensile sample which was deposited at a pulsed 
current density of 1000 A/m2, a duty cycle of 10%, and a pulsed-on time of 0.3 ms having 
the highest strength and ductility. This sample (TS-8) exhibits a tensile yield stress, an 
ultimate tensile stress, and a fracture strain of 1.21 ± 0.08 GPa, 1.98 ± 0.03 GPa, and 
15.95 ± 0.09%, respectively. It is likely that the crystal growth borders and Cu 
concentration has the most significant impact to ductility of PED-processed 
nanocrystalline Co-Cu. An improve ductility can be achieved also through annealing at 
200°C, which may be contributed by recovery processes (e.g. internal stresses release and 
grain boundary relaxation).  
vi. Investigation on fatigue test of bulk nanocrystalline Co-Cu samples (i.e. surface area of 
21×21 mm2 and thickness up to ~700 µm) were performed through the constant 
amplitude fatigue test (CAT) and load increase fatigue test (LIT) at different stress levels 
with the samples having the highest strength and ductility. The endurance limit of 
nanocrystalline Co-Cu could be ~100 MPa (~10% of yield strength), which is low 
compared to the coarse grain materials with endurance limit of ~40-50% of their yield 
strength. The cyclic to failure of nanocrystalline Co-Cu declined with increasing the 
maximum stress level. For instance, the cyclic to failure at the highest maximum stress 
level of ~400 MPa (~33% of yield strength) is only ~65,000 load cycles.  
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 9.2. Suggestions 
In the present work, investigations on the synthesis, thermal stability, microstructure 
evolution, micro mechanical properties, and bulk mechanical properties of PED-processed 
nanocrystalline Co-Cu have been performed. This materials showed an improved thermal 
stability and strength and ductility compared to the previous works in nanocrystalline Co. Cu, 
and Co-Cu. In addition, the materials showed a good potential for advanced electronic 
applications, whereas a strong magnetic domain patterns can be achieved with annealing. 
Further improvements are needed concerning bulk mechanical properties of this material. 
The ductility of this material is high enough (fracture strain of 14-16%) compared to other 
nanocrystalline materials with a fracture strain of below 10%. However, it lacks important 
information such as (i) effect of grain size and impurities (e.g. sulphur, hydrogen) to ductility, 
(ii) deformation mechanism, (iii) further effect of annealing treatment, which leads to 
microstructural evolution (e.g. grain coarsening, spinodal and phase decomposition). Further 
investigation is needed in this field of research. 
The author also suggest that improvement on the fatigue resistance and fracture toughness 
of bulk sample of this material is a must. This material exhibits ductile properties, however, if 
a small defect exists inside (e.g. small crack formation), this material tends to be brittle. It is 
believed that fracture toughness of this material is low, and it needs further investigation and 
improvement. Small size sample used in the fatigue testing would be also a major problem, 
thus, producing a bigger size of sample (standard fatigue specimen) is necessary for obtaining 
a more accurate data of mainly strain and frequency. This can be performed by optimizing the 
process parameters used for deposition (e.g. varying deposition parameters, electrolyte 
composition, and others). In addition, this may lead also to a further reduction of processing 
flaws (e.g. porosity and crystal growth borders), which could be the origin of crack during cyclic 
loading. Effect of annealing treatment, which leads to microstructural evolution (e.g. grain 
coarsening, spinodal and phase decomposition), to fracture toughness of needs further 
investigations. The decomposition of Co and Cu (metallic composite of Co and Cu) may lead 
to improvement of fracture toughness, since crack behaviour in Co and Cu phases will be 
different. 
In the present work, it is believed that mechanical loading and plastic deformation in 
nanocrystalline materials may have an impact for spinodal decomposition. However, it is not 
clearly observed in this work. Further investigation is needed, for instance, by producing a 
homogeneous deposits of nanocrystalline Co-Cu with chemical composition of 50 at.% Co. In 
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Abstract: Thick films of supersaturated solid solution nanocrystalline Co-Cu (28 at.% Cu)
were synthesized through the pulsed electrodeposition technique. Microstructural changes of
nanocrystalline Co-Cu were intensively studied at various annealing temperatures. Annealing at
300 ◦C results in a spinodal decomposition within the individual grains, with no grain coarsening.
On the other hand, distinct phase separation of Co-Cu is detected at annealing temperatures beyond
400 ◦C. Static micro-bending tests show that the nanocrystalline Co-Cu alloy exhibits a very high
yield strength and ductile behavior, with no crack formation. Static micro-bending tests also reported
that a large plastic deformation is observed, but no microstructure change is detected. On the other
hand, observation on the fatigue resistance of nanocrystalline Co-Cu shows that grain coarsening is
observed after conducting the cyclic micro-bending test.
Keywords: nanocrystalline Co-Cu; spinodal decomposition; micro mechanics; mechanical stability
1. Introduction
Studies on the fundamental behavior [1], mechanical properties [2], and possible industrial
applications [3] of nanocrystalline materials are wide-spread in the literature. Among of the promising
materials in this class are supersaturated solid solution nanocrystalline alloys, e.g., Co-Cu alloy,
the microstructure and phase distribution of which can be modified by annealing treatments, to enhance
thermal and mechanical stability, as well as tailoring physical properties [4,5]. Investigations into
the thermal stability and microstructure evolution of nanocrystalline Co-Cu have been performed in
previous works, mostly at temperatures beyond 400 ◦C [6–8], but more research about microstructural
changes at lower temperatures is required. The information about the mechanical properties of
nanocrystalline Co-Cu is also limited [9–11]. On the other hand, the information about the mechanical
properties of single-phase nanocrystalline Co and Cu is widely available in the literature [12–17].
Therefore, more research on the mechanical properties of nanocrystalline Co-Cu with different
microstructures is required.
Nanocrystalline pure Co [12,13] and Cu [14–17] possess excellent mechanical properties compared
to the conventional coarse-grained counterpart. However, slight reductions in ductility were observed,
due to flaws induced during synthesis and surface preparation, as well as low strain hardening
capability and low resistance to crack initiation and propagation [18–20]. In addition, mechanical
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instability during fatigue test of nanocrystalline and ultrafine grained materials was also observed and
intensively studied in the literature [21–23]. Considering the mechanical instability of nanocrystalline
materials, strategies were developed for improvement, such as the utilization of non-uniform grain
sizes [20,24] and secondary phase or particles [25,26]. Among the promising strategies is the application
of multiple phases in the nanocrystalline materials [25,26], which are also termed metallic composites,
in which different dislocation activity or deformation mechanisms in the primary and secondary phases
are expected to improve the plastic deformation behavior of nanocrystalline materials.
The formation of metallic composite and precipitation of solute components from immiscible
alloys including the Co-Cu system is possible through the spinodal decomposition [27,28]. However,
spinodal decomposition and nucleation in nanocrystalline Co-Cu at high temperature (>400 ◦C)
is usually followed by grain coarsening, such as demonstrated in previous research [6,7]. Thus,
investigation of the spinodal decomposition to modify the microstructure at low temperature is needed,
to minimize the grain coarsening effect. The spinodal decomposition of Co and Cu in nanocrystalline
Co-Cu is crucial to produce multiple phase materials. It has been reported that nanocrystalline Cu has
a good ductility, while nanocrystalline Co has a significant high strength [12–17]. Interestingly, cyclic
mechanical loading shows that nanocrystalline Cu [23] and Co [29] have a different softening-hardening
behavior. The different mechanical behavior of nanocrystalline Co and Cu can be used as an interesting
combination for improving the mechanical stability and performance of nanocrystalline Co-Cu system.
In this research work, nanocrystalline Co-Cu were produced through the pulsed electrodeposition
(PED) technique, instead of severe plastic deformation (SPD). According to the literature [30–33],
lattice defects in SPD- and PED-processed nanocrystalline materials (e.g., excess vacancies, dislocation,
and twins) are different in characteristic, type, and number, thus, different mechanical properties are
expected. Furthermore, to investigate the impacts of the synthesis route on the microstructural changes
upon heat treatment, comprehensive studies on the microstructure evolution of electrodeposited
nanocrystalline Co-Cu annealed at various temperatures were performed in this study, by scanning
electron microscope (SEM), transmission electron microscope (TEM), X-ray diffraction (XRD), and atom
probe tomography (APT). The principal mechanical properties are investigated by microhardness
measurements. At the end of the paper, the mechanical stability of nanocrystalline Co-Cu and the effect
of plastic deformation on the microstructure are studied, through static and cyclic micro-bending tests.
2. Materials and Methods
Nanocrystalline Co-Cu films up to a thickness of 400 µm were deposited through PED on Cu disk
cathodes (surface diameter: 12 mm) through a Pt anode under specific parameters and conditions of
deposition: current density: 1000 A/m2; pulse period: 2 ms; break period: 18 ms; temperature: 40 ◦C.
The deposition was performed in an electrolyte containing 112.20 g/L CoSO4.7H2O, 6.38 g/L CuSO4,
56.44 g/L C4H4KNaO6.4H2O, 142.04 g/L Na2SO4, 18.55 g/L H3BO3, 2.00 g/L C7H5NO3S (Saccharin),
and 0.20 g/L C12H25NaO4S (sodium dodecyl sulfate). In the present work, the parameters of deposition
and composition of electrolyte were based on previous work by Müller [34], and were optimized to
obtain compact and homogeneous deposits with a Cu content of 28-at.%.
The deposited samples were subjected to isothermal annealing in vacuum at a pressure of
10−6 mbar at various temperatures (300–600 ◦C) for different periods of time (1–64 h) to investigate
the thermal stability and structural transformation. Microstructure and composition analysis were
taken from the cross-sections of the samples and carried out in the field-emission scanning electron
microscope (SEM) (Zeiss Sigma-VP, Jena, Germany) equipped with backscattered electrons (BSE)
and energy dispersive spectroscopy (EDS) detectors at acceleration voltages of 17–20 kV. Grain size
determination was performed manually by measuring the length of line interception within individual
grains at two different orientations with the imageJ software (Ver 1, LOCI, University of Wisconsin,
Madison, USA) [35], and EDS analysis were conducted with the AZtec software (Oxford Instrument
Inc., Abingdon, England). Microhardness measurements (HV 0.2; test force: 1.962 N) were performed
at cross-sections of the samples with a DuraScan hardness testing device (Struers, Copenhagen,
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Denmark) and equipped with ecos Workflow software (EMCO-TEST Prüfmaschinen GmbH, Kuchl,
Austria). Hardness measurements were performed at positions of 30 µm and 200 µm from the substrate.
X-ray diffraction (XRD) measurements were conducted to investigate the phase composition of the
individual samples. Cu K-alpha radiation (λ: 1.5405980 Å) and a scan step size of 0.013◦2θ/s was used.
Transmission electron microscope (TEM) samples were prepared from the polished samples (diameter:
3 mm) in planar mode, and then further processed by GATAN PIPS ion milling to produce an electron
transparent film at the center of the disc. TEM observation was performed in a JEOL JEM 2011 (JEOL,
Tokyo, Japan) at an accelerating voltage of 200 kV to acquire enhanced microstructural information,
as well as diffraction patterns of selected samples.
Specimens for atom probe tomography (APT) were prepared in a dual-beam focused ion
beam/scanning electron microscopy workstation (FIB/SEM) (Helios NanoLab 600™, FEI Company,
Hillsboro, OR, USA) by the lift-out technique described in the literature [36]. Material was extracted
from the center of the cross section of the film. An electron beam induced Pt-capping layer was first
deposited to provide protection from gallium implantation. After lift-out and thinning of the specimens,
a low energy milling at 2 kV was performed to minimize Ga induced damage [36]. Laser Pulsed
APT was carried out in a LEAP 3000X HR (CAMECA, Gennevilliers, France). Measurements were
performed at repetition rates of 100 and 160 kHz, a pressure lower than 1.33 × 10−8 Pa, an evaporation
rate of 5 atoms per 1000 pulses and a specimen temperature of about 60 K. The laser used has a
wavelength of 532 nm, a pulse length of 10 ps, and a pulse energy of 0.5 nJ. Datasets were reconstructed
and analyzed with IVAS™3.6.8 software (CAMECA, Gennevilliers, France). Regions-of interest (ROI)
were used to construct one-dimensional concentration profiles through the specimens. Three APT
specimens of the as-deposited alloy and four of the annealed sample were analyzed.
Micro bending beams were manufactured in a focused ion beam (FIB/SEM) (Helios NanoLab
600™, FEI Company, Hillsboro, OR, USA) on the cross-section of the nanocrystalline film at a position
of 200 µm from the substrate. The dimensions of the beams are presented in Table 1. One micro
bending beam (beam-A) was prepared for a static micro bending test, while cyclic micro bending
tests were performed on beam-B and beam-C at different plastic strain amplitudes. In situ static and
cyclic micro-bending test were performed in a TESCAN-Vega scanning electron microscope (TESCAN,
Brno, Czech Republic) equipped with the Advanced Surface Mechanics (ASMEC, Ulm, Germany)
nanoindentation system and InspectorX Ver. 2 UNAT software (ASMEC, Ulm, Germany) to record the
force-displacement data. A nano-indenter and a double blade griper were used to impose static and
cyclic mechanical loading onto micro bending beams at the test parameters, which are given in Table 1.
The force-displacement data were calculated and presented as a surface stress (σs) and a surface strain
(εs), based on elastic bending beam theory through Equations (1) and (2). The recorded force and
displacement are F and D, respectively, while LB, W, and T correspond to length, width, and thickness
of the bending beam, respectively.
Table 1. Dimensions of micro bending beams with the length (L), width (W), thickness (T), and bending
length (LB). Static micro bending test were carried out at the surface strain rate Є, while cyclic micro
bending test were performed at multiple stage plastic strain amplitude (εs,a) and number of cycles (N).










Є (s−1) εs,a N (Cycles)
Beam-A 15.04 7.15 5.33 14.60 1.24 × 10−2 - -
Beam-B 15.43 6.68 4.92 14.00 - 1.80 × 10−4 5000
Beam-C (4 stages) 15.77 6.75 5.26 13.92 -
1.50 × 10−3 (Stage-I) 35
2.00 × 10−3 (Stage-II) 65
3.50 × 10−3 (Stage-III) 40
7.00 × 10−3 (Stage-IV) 100









3. Results and Discussion
3.1. Structural Evolution
Figure 1a depicts a cross section image and EDS map of compact and porosity-free deposit of
nanocrystalline Co-Cu film deposited at a current density of 1000 A/m2 and a pulse period 2 ms (duty
cycle: 10%). The EDS line profile in Figure 1b shows a quiet homogeneous concentration of Co and
Cu along a cross-section of nanocrystalline Co-Cu (28 at.% Cu) film. The EDS line profile confirms
that the cobalt concentration drops up to ~15 at.% from area near the Cu-substrate to the surface of
nanocrystalline film. Thus, deposition for more than 400 µm of thicknesses is not preferred, due to
the inhomogeneous concentration of Co and Cu. Deposition of nanocrystalline Co-Cu at a higher Cu
concentration is possible by reducing current density. However, a back-scattered electron image of
Co-Cu (45 at.% Cu) alloy, deposited at a current density of 500 A/m2 and a pulse period of 2 ms (duty
cycle: 10%), shows an inhomogeneous microstructure. in which a mixture of ultrafine grained and
nanocrystalline structure are observed (see Figure 1c). Deposition at a higher current density and duty
cycle [for example at current density of 1500 A/m2 and duty cycle 20% (see Figure 1d)], lead to the
formation of microporous (mark with blue arrows in see Figure 1d) and an inhomogeneous chemical
composition. Therefore, to achieve homogeneous microstructure and chemical composition, as well as
compact and porosity-free deposits, all samples used in this paper were deposited at a current density
of 1000 A/m2 and pulse period of 2 ms (duty cycle: 10%).
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and (b) EDS line profile of sample deposited at a current density of 1000 A/m2, and a pulse period of 2 ms
(duty cycle: 10%) in the cross-section mode. (c) Back-scattered electron images of the microstructure
of a sample deposited at a current density of 500 A/m2, and a pulse period 2 ms (duty cycle: 10%).
(d) Combined secondary electron image-EDS map of sample deposited at a current density of 1500 A/m2,
and a pulse period of 2 ms (duty cycle: 20%) in cross section mode.
Figure 2a shows a combined bright-field TEM image and selected area diffraction (SAD) pattern
of the PED-processed nanocrystalline Co-Cu (28 at.% Cu), in which nanometer sized grains of about
22.7 ± 8.2 nm are observed (Figure 2b). A number of twins are also observed, which are marked with
red arrows in Figure 2a. The formation of twins is believed to be due to effect of chemical additives
(saccharine and sodium dodecyl sulfate) during the electrodeposition process, as demonstrated in the
previous paper [33]. The contribution from high current density and pulsed current may also have
an influence on the formation twins. The XRD (Figure 2c) pattern shows that the ED nanocrystalline
Co-Cu (28 at.% Cu) exhibits a supersaturated solid solution phase, in which the peaks of {111} and {200}
planes of the single fcc phase are observed. The as-deposited nanocrystalline Co-Cu (28 at.% Cu) exhibit
a high hardness of 4.45 ± 0.07 GPa. The high value of microhardness could be contributed to by several
factors, such as chemical composition, grain size, and number of lattice defects (twins, dislocations,
and vacancies). The co-deposition of impurity elements (e.g., carbon, sulfur, and hydrogen) also has
an influence on the hardness of the electrodeposited nanocrystalline Co-Cu.
In the present work, early stages of microstructural changes of the PED-processed nanocrystalline
Co-Cu are studied at 300 ◦C, which minimizes grain coarsening, as shown in previous research [6,7].
All samples annealed at 300 ◦C for different periods (1 h, 5 h, and 24 h) exhibit an increase of hardness,
compared to the as-deposited state (see Table 2). Interestingly, no significant grain coarsening is
observed in the sample annealed even for 24 h in which nano sized grains of less than 50 nm remain
unchanged (see Figure 2d). It is believed that the hardening effect is influenced by the spinodal
decomposition of the solid solution Co-Cu, as demonstrated by Kato [37]. The PED-processed
nanocrystalline Co-Cu was further annealed at 300 ◦C for up to 64 h, to study its long-term thermal
stability and the chemical decomposition. Figure 2e depicts a combined bright-field TEM image
and SAD pattern of an at 300 ◦C for 64 h annealed sample, showing no significant grain changes
nor grain coarsening. Figure 2e also shows the presence of twins (indicated by red arrows). In this
annealed sample, microstructure and hardness observations show that the average grain size is about
27.2 ± 7.9 nm (see Figure 2f) and the hardness increases up to 4.83 ± 0.07 GPa. In comparison with
the as-deposited state, only minor changes are detected from the XRD measurement (Figure 2c).
Comparing the SAD pattern of as deposited (Figure 2a) and annealed (Figure 2e) samples, lattice shifts
of the {111} and {200} planes are observed, and the spinodal decomposition of the Co-Cu solid solution
at the nanometer scale during annealing at 300 ◦C is expected to cause the shift. Consequently, peak
shifts of the {111} and {200} planes are observed from the XRD pattern (see Figure 2c). However, it is
also believed that the lattice shift is not single-handedly caused by spinodal decomposition, but could
also be caused by other factors or processes during isothermal annealing at 300 ◦C for 64 h, such as
the relaxation of internal stresses and grain boundaries, reducing of defect density, etc. However,
an investigation on internal stress, grain boundaries relaxation, and defect density in nanocrystalline
Co-Cu is not conducted in this paper, in which the observation is focused on the spinodal decomposition
of nanocrystalline Co-Cu. Thus, APT measurements are conducted to investigate the possible structural
and chemical decomposition at 300 ◦C.
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Figure 2. (a) Combined bright-field transmission electron microscope (TEM) and selected area diffraction
(SAD) pattern images of sample deposited at current density of 1000 A/m2 and pulse period 2 ms (duty
cycle: 10%) in planar mode and (b) its grain size distribution. (c) X-ray diffraction (XRD) pattern of
as deposited sample and annealed (300 ◦C–64 h) samples. (d) Back-scattered electron images of the
microstructure of a sample annealed at 300 ◦C for 24 h in cross section mode. (e) Combined bright-field
TEM and selected area diffraction (SAD) pattern images of annealed (300 ◦C–64 h) sample in planar
mode and its (f) its grain size distribution.
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Table 2. Microhardness and average grain size of the annealed samples. Grain size measurements
were determined based on the microstructure images from the scanning electron microscope
(SEM) measurements.
Microhardness (GPa) Grain Size (nm)
300 ◦C 450 ◦C 600 ◦C 300 ◦C 450 ◦C 600 ◦C
1 h 4.89 ± 0.06 4.43 ± 0.07 3.94 ± 0.06 <50 * 122.0 ± 19.4 159.6 ± 66.2
5 h 4.67 ± 0.18 4.40 ± 0.06 3.69 ± 0.06 <50 * 124.0 ± 40.5 183.6 ± 67.2
24 h 4.56 ± 0.06 4.31 ± 0.05 3.25 ± 0.12 <50 * 127.0 ± 39.0 218.6 ± 73.2
* Rough estimation from SEM images.
APT measurements were conducted for the as deposited and annealed (300 ◦C for 64 h) samples.
Figure 3a shows an APT elemental map of a slice through a reconstruction of the as-deposited sample,
and a concentration profile corresponding to the white dashed line. According to these results,
the as-deposited sample shows a solid solution with imperfect homogeneous concentration of Co and
Cu at nanometer scale, but no short-range fluctuation (e.g., spinodal decomposition, precipitation) of
Co or Cu is found. This was also observed previously on the high-pressure torsion (HPT)-processed
nanocrystalline Co-Cu [7,38], and it was also shown that spinodal decomposition with minor grain
coarsening was observed at 400 ◦C [7]. In the present work, APT measurements show that a spinodal
decomposition of Co-Cu takes place also at 300 ◦C. Figure 3b depicts an APT elemental map of a
selected slice from a reconstruction of an annealed sample. Three regions with distinctive compositions
are observed: (i) Co-Cu solid solution, (ii) Co-rich regions (up to 95 at.% Co) and Cu-rich region (up to
90 at.% Cu). Moreover, an APT elemental map of another reconstruction in the annealed sample
(Figure 3c) shows small compositional fluctuations in the solid solution region. Such compositional
fluctuations are crucial characteristic of a spinodal decomposition [39], and these fluctuations will
grow continuously until a metastable equilibrium is achieved.
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The atomic diffusion at the grain boundaries is not considered here, since the compositional
fluctuations occurs within the grains at 300 ◦C. Of course, diffusion at grain boundaries is much faster
and can lead to a fast de-mixing in these regions, which is possibly the reason for the “spots” with
high Co or Cu concentration in e.g., Figure 3b. However, here, it is focused on the atomic diffusion of
Co and Cu, which induces a spinodal decomposition within individual grains. The diffusion rate in
this nanocrystalline supersaturated solid solution may be different compared to common materials,
as the defect content, lattice constant, crystal structure, etc. may be different. However, a rough
estimation of the atomic mobility of the alloys’ components can be considered for an initial study.
In previous research [7], atomic mobility of solute atom Co in the nanocrystalline Co-Cu (74 at.%
Cu) was calculated through the classical theory of diffusion equation L =
√
Dt, where L, D, and t are
described as distance, diffusion coefficient, and period of diffusion (time), respectively. In the present
work, the atomic mobility of Co and Cu atoms in a Co-Cu solid solution system (28 at.% Cu) is also
roughly estimated through the same procedure. Considering the chemical composition of the alloy
system (72 at.% Co and 28 at.% Cu), the possible diffusion mechanisms that are likely to occur are Co
self-diffusion, Cu diffusion in Co, and interdiffusion of Co-Cu. The diffusion coefficient data were
taken from the literature [40–42]. However, since the diffusion coefficient at 300 ◦C is not available,
the diffusion coefficient data from the literature [40–42] were extrapolated through the Arrhenius
equation (D = A exp [−EA/RT]) to get the diffusion coefficient data at 300 ◦C (it is assumed that the
diffusion mechanism doesn’t change). The calculated diffusion distance for 300 ◦C and 64 h from
the mechanisms of Co self-diffusion, Cu diffusion in Co, and Co-Cu interdiffusion are 0.0005 nm,
0.0014 nm, and 0.098 nm, respectively. The measurements show that the atomic mobility of Co and
Cu is very low, in which diffusion distances of less than 1 nm were calculated. Surprisingly, the APT
measurement (Figure 3b) shows that the diffusion distance of Co and Cu atoms is in the range of 5 to
10 nm. At this point, it must be considered that all diffusion coefficients [40–42] were measured in bulk
materials, so the result would be different in nanocrystalline materials, due to the larger number of
lattice defects within a grain as mentioned before. The contribution from mainly vacancy-type defects
in nanocrystalline materials may significantly enhance the atomic diffusivity [43].
Figure 4a,b show microstructure images of electrodeposited nanocrystalline Co-Cu (28 at.% Cu)
annealed at 450 ◦C for 5 h and 24 h. A significant grain coarsening and hardness decrease are observed
from these micrograph (see also Table 2). Interestingly, no significant differences of grain size and
hardness values are observed between samples annealed for short (1 h and 5 h) and long (24 h)
periods. The XRD pattern of a sample annealed at 450 ◦C for 5 h shows a shoulder on the peak of
{111} planes (marked with black arrow in Figure 5a), but no significant phase separation is detected.
It is believed that the observed shoulder is an indication of an early stage of spinodal decomposition
where Cu-rich regions is formed. In contrast, XRD pattern of a sample annealed at 450 ◦C for 24 h
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exhibits a massive phase separation of solid solution Co-Cu in which fcc-Cu, fcc-Co, and hcp-Co
{101} peaks are detected (see Figure 5a). However, since the peaks of fcc-Co and fcc-Cu are hard to
separate, it is believed that a certain amount of solid solution Co-Cu phase remained, and that phase
separation is in progress. In addition, a number of particles (black spots in the images) are observed
mainly at the grain boundary, and twins are also recognized from the micrograph (Figure 4b). Based
on some evidences, microstructure and phase evolution of the electrodeposited nanocrystalline Co-Cu
(28 at.% Cu) at 450 ◦C can be divided into different stages. During short annealing periods (1 h and
5 h), the diffusion of Co and Cu atoms leads predominantly to spinodal decomposition and grain
boundary movement. The early stage of spinodal decomposition leads to the formation of Co and Cu
concentration fluctuations within the grains. At the grain boundaries, where the diffusion is expected
to be faster, the formation Cu-precipitates can be expected. It is believed that the dark particles that are
observed in the Figure 4a,b are related to these Cu-precipitates. These Cu-precipitates are believed
to block the grain boundaries movement (pinning of grain boundaries), thus, a constant grain size
is obtained after a certain period of annealing. Upon annealing for longer times (24 h), the spinodal
decomposition progresses, and a phase separation will also take place within the grains. The Cu
precipitates at the grain boundaries will still hinder their movement, hence the grain size remains
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According to the XRD and SEM measurements, the microstructural evolution during the 
annealing of the PED-processed nanocrystalline Co-Cu (28 at.% Cu) is comparable with the HPT-
processed nanocrystalline Co-Cu (25 at.% Cu) [6]. Figure 6a,b show the microhardness evolution of 
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Figure 4c,d show the micrograph of electrodeposited nanocrystalline Co-Cu (28 a .% Cu) annealed
t 600 ◦C f r 5 h and 24 h. In comp rison with the sample annealed at 450 ◦C, the grain coars ning is
m r pronou ced, thus, as expected from the Hall-Petch relation, the microhardness values sl ghtly
decrease to lower than 4 GPa (Table 2). The XRD measurements show hat the phase separation is
clearly visible in the samples annealed at 600 ◦C for 5 h and 24 h (Figure 5b), in which the peaks
of fcc-Co, fcc-Cu and a weak hcp-Co {101} are detected. According to the microstructure images
(Figure 4c,d), the presence of twins and particles (which is believed as Cu-precipitates) are also
detected, and their size increases with increasing the annealing period. The phase separation is almost
complete, and results in a microstructure consisting of almost pure Co and Cu regions. The mobility
of the grain boundaries is rather high at 600 ◦C and the Cu-precipitates are unable to block the grain
boundary move.
According to the XRD and SEM measurements, the microstructural evolution during the annealing
of the PED-processed nanocrystalline Co-Cu (28 at.% Cu) is comparable with the HPT-processed
nanocrystalline Co-Cu (25 at.% Cu) [6]. Figure 6a,b show the microhardness evolution of PED-
and HPT-processed [6,8] nanocrystalline Co-Cu at almost identical chemical composition annealed
at different annealing temperatures and times. Upon a short annealing time of 1 h (Figure 6a),
the PED-processed nanocrystalline Co-Cu shows an increased hardness at temperatures lower than
450 ◦C in comparison with the HPT-processed [6] materials. Moreover, Figure 6a,b show that
the hardening effect due to chemical decomposition of Co-Cu at 300 ◦C is more obvious for the
PED-processed materials [6,8]. The thermal stability of nanocrystalline materials can be influenced by
several factors, which are the initial grain size, phase stability, and stabilization by solute components.
The initial grain size of the PED-processed nanocrystalline Co-Cu in the present work is three to four
times smaller than the HPT-processed Co-Cu [6,8]. On one hand, this results in an increased driving
force for grain growth, however, on the other hand, the small grain size may speed up the segregation
of Cu to grain boundaries which may result in early formation of “precipitates” at the boundaries.
These small Cu-rich regions may effectively pin the boundaries and avoid grain coarsening which
results, along with the spinodal decomposition within the grains, in an increase in hardness at low
annealing temperatures. Of course, other mechanisms, like different defect types and densities or the
relaxation of boundaries may also contribute to the difference between the PED- and HPT-processed
materials. Furthermore, in the PED-processed nanocrystalline materials, additional improvement of
thermal stability can also be attributed to the co-deposition of impurity elements, such as carbon and
sulfur. In the literature [44], it has been reported that the segregation of sulfur to grain boundaries
could significantly improve thermal stability of the PED-processed nanocrystalline Co.
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Figure 6. icr ar ess e l ti f electr e site ( ) a cr stalli e - (28 at. u)
during isother al annealing at different te peratures for different periods which is compared with
HPT-proces ed nanocrystalline o- at che ic l c iti f ( ) at. [6] a (b) 24 at.
Cu [8]. ( ) and (L) are indicating high and lo purity of Co and Cu powder used in HPT proces .
3.2. echanical Stability
The mechanical properties and microstructure development during plastic deformation of the
PED-processed nanocrystalline Co-Cu (28 at.%) were investigated through static and cyclic micro
bending experiments. Figure 7a depicts an engineering surface stress vs.- strain curve of micro
beam-A resulted from a static micro bending test at a surface strain rate of 1.24 × 10−2 s−1. Practically,
the determination of strain hardening coefficient, total surface strain, and ultimate strength is possible
from the surface stress-strain curve. However, it should be carefully considered that the calculated
surface stress-strain data through the elastic bending beam theory is only accurate for up to the
yield point, and will fail in the plastic regime. Therefore, in the present work, the discussion on the
parameters from the surface stress-strain curve will be focused only up to yield point. According to the
curve, the measured yield strength is extremely high (σy ≈ 3.9 GPa). However, it is believed that the
actual yield strength is lower, due to the inhomogeneous deformation in bending tests. At the initial
stage of deformation, only a small surface layer of the micro beam is plastically deformed (the whole
beam is not plastically deformed yet). Thus, the elastic-plastic transition regime is quite smooth, and an
exact determination of the yield point is difficult (see Figure 7b). As a consequence, it can be assumed
that the yield point is between 2.8 and 3.9 GPa (see Figure 7b). In comparison, according to Tabor’s
rule, the yield strength can be estimated from the microhardness measurements with σy ≈ 1.5 GPa.
Figure 8a,b show the secondary electron (SE) images of micro beam-A after deformation recorded
from the top and side view of the bending direction (y-axis). According to Figure 8a,b micro beam-A
is plastically deformed, in which no crack formation is detected. Necking effects due to plastic
deformation, which are marked with white arrows, are clearly visible (see Figure 8a). The surface
changes due to plastic deformation can be easily identified too (see Figure 8b). Therefore, according
to the stress-strain curve and SE-detector images, it is obvious that the ED nanocrystalline Co-Cu
(28 at.%) exhibits a ductile behavior. Unfortunately, the microstructure observation through the
back-scattered electron (BSE) detector is difficult, due to distinct surface roughness. Thus, FIB polishing
was performed to produce a smooth surface at the selected areas on micro beam-A. Figure 8c,d depict
BSE images of the microstructure at two different positions (zone-A and zone-B) at the FIB polished
region. According to Figure 8c,d no microstructural changes, such as grain coarsening, are observed at
the areas of large plastic deformation.
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side view of mechanical loading direction. (c,d) Back-scattered electron images of the microstructure of
micro beam-A at two different positions, which are marked in (b).
In comparison with nanocrystalline Co [12,13], the yield strength of the PED-processed
nanocrystalline Co-Cu (28 at.% Cu) is higher. In all pure nanocrystalline materials (including
Materials 2020, 13, 2616 13 of 18
nanocrystalline Co), the strengthening mechanism is dominated by grain boundary strengthening
(the Hall-Petch effect). On the other hand, additional strengthening mechanisms are contributing in
nanocrystalline Co-Cu (28 at.% Cu) alloys, like solid solution strengthening, including the effect of the
spinodal decomposition and precipitation hardening in the case of annealed samples, thus, a higher
yield strength is observed. It is assumed that the cobalt content is also an important influencing factor
on the improvement of yield strength in nanocrystalline Co-Cu. For example, the PED-processed
nanocrystalline Co-Cu (28 at.% Cu) exhibits a higher yield strength, compared to the HPT-processed
nanocrystalline Co-Cu (74 at.% Cu) tested by tensile test (σy ≈ 0.8 GPa) [9], whereas this significant
difference can mainly be attributed to the higher Co content in the PED-processed material. Different
mechanical test methods also contribute to the significant different values of yield strength. However,
it is also believed that the differences may be caused also by the different type and number of lattice
defects on between PED- and HPT-processed nanocrystalline Co-Cu.
The number of dislocations in the PED- and HPT-processed nanocrystalline materials is different,
due to the dissimilar route of material processing. The formation of dislocations in the HPT-processed
materials is predominantly affected by a large plastic strain during the processing of nanocrystalline
materials [30]. In comparison, previous reports show that there are two main contributing factors
to the formation of dislocations in the PED-processed nanocrystalline materials, which are stress
development and relaxation generated by pulsed current [45,46] and grain growth inhibition by
chemical additives [33,47]. It has been also reported in the literature [32] that the electrodeposited
nanocrystalline Ni-Mo alloy exhibits a slightly different dislocations density than the HPT-processed
nanocrystalline Ni-Mo at comparable chemical composition and crystallite size. The influence of
chemical additives during the pulse electrodeposition process of nanocrystalline materials does not
only contribute to the formation of dislocations, but also to the formation of twins. Figure 2a shows
a number of twins in the ED nanocrystalline Co-Cu (28 at.% Cu), which may also contribute to the
enhanced strength. The generation of dislocations from twins is expected to enhance the number of
dislocations as reported from the literature [48,49]. All in all, the combination of different types of
strengthening mechanisms: (i) solid solution, (ii) twins, (iii) dislocations, and (iv) the co-deposition
of impurity elements contribute to an enhancement of strength in the ED nanocrystalline Co-Cu
(28 at.% Cu).
The mechanical stability during cyclic loading of the ED nanocrystalline Co-Cu (28 at.% Cu)
was investigated through the cyclic micro-bending experiment. A cyclic micro-bending test at a low
plastic surface strain amplitude (εs,a = 2.0 × 10−4) was conducted at micro beam-B for 5000 cycles.
Figure 9a depicts the surface stress amplitude level (σs, amp, avg) as a function of number of load
cycles of micro beam-B. The measurement shows that no crack formation is found after 5000 load
cycles, but gradual softening is clearly visible after 100 load cycles (marked with a red arrow in
Figure 9a). Microstructure investigation was conducted at the initial condition and after 5000 load
cycles (Figure 9c,d). By comparing the initial and final microstructure, minor grain coarsening is
observed. It is strongly believed that the observed grain coarsening causes the softening of the ED
nanocrystalline Co-Cu (28 at.% Cu) materials.
Micro beam-C was subjected to four stages of cyclic micro-bending with stepwise increased plastic
surface strain amplitudes. According to the results, no crack formation is observed after cycling from
stage-I to stage-III, in which the observed surface stress amplitude level (σs, amp, avg) as a function
of number of load cycles remain constant (Figure 9a). Micro beam-C was further subjected to cyclic
bending test at stage-IV (εs,a = 7.0 × 10−3; 100 cycles) and crack formation was observed after the
test. Figure 9e depicts a secondary electron image of micro beam-C after testing at stage-IV, which
shows that two cracks with different length are formed in two different positions. According to the
Figure 9a, at stage-IV, the surface stress amplitude level (σs, amp, avg) remains constant for up to 40 load
cycles, however, the amplitude starts to decline at the 41st of load cycle (marked with black arrow in
Figure 9a), and the decrease is more significant at the following load cycles. It is believed that crack
formation may start after load cycle 40 at stage-IV, and is followed by crack propagation.
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Figure 9b shows the cyclic hysteresis loops of micro beam-C at selected load cycles of stage-IV.
It is evident that only a small shift of the surface stress amplitude between the 10th and 55th load
cycle is observed in quadrant 1 (Q1). This shift may be attributed to a crack formation, and since the
shift of the surface stress amplitude is only in Q1 (Figure 9b), it is supposed that only one crack was
formed after 55 load cycles. Afterwards, the surface stress amplitude is significantly altered at the
70th and 90th load cycles in Q1. At the 70th of load cycle, the shift of surface stress amplitude is more
significant in Q1, and a small shift is also observable in Q3, which could be an indication that a second
crack has formed. At the 90th load cycle, the shifts of the surface stress amplitude are more noticeable
in Q1 and Q3, which means that crack has propagated further. After 100 load cycles, it is found that
the crack length on the upper and lower side of micro beam-C are ~750 nm and ~1.2 µm, respectively.
Figure 9f shows that significant grain coarsening is observed in the region adjacent to the cracks-I,
in which some ultrafine grains are visible. It is supposed that the grain coarsening is induced by the
local plastic deformation, which is generated during crack propagation. This local plastic deformation
could induce grain boundary migration, as also demonstrated on micro beam-B in the present work,
and in ultrafine-grained Cu during the cyclic micro bending test [23].
In the present work, it has been demonstrated that structural instabilities during cyclic loading are
observed due to grain coarsening. Therefore, improvements are required to enhance the mechanical
stability. It has been demonstrated in Section 3.1 that annealing treatment of nanocrystalline Co-Cu
could widely modify the microstructure, thus, an improvement in mechanical stability is expected.
In the future, research will focus on the influences of different structural characteristics obtained by
annealing treatment on the mechanical stability of very fine grain Co-Cu alloy systems.
4. Summary
Investigations on microstructure and phase evolution of supersaturated solid solution
nanocrystalline Co-Cu (28 at.% Cu), produced through the pulsed electrodeposition technique, have
been performed through subsequent annealing treatments at different temperatures for different periods.
APT showed that spinodal decomposition of Co-Cu system could start at a low annealing temperature
(300 ◦C), in which grain coarsening is negligible. This chemical decomposition can be utilized to
improve mechanical properties of nanocrystalline Co-Cu. Annealing at 450 ◦C induced significant
grain coarsening, which results in ultrafine-grained structure (~125 nm). However, the microhardness
could be maintained at comparable level with the as-deposited state, due to the combination of pinning
of grain boundaries and phase separation. On the other hand, a gradual decrease of microhardness
due to grain coarsening was found after annealing at 600 ◦C, although a massive phase separation
occurred. The obtained various microstructures and phases through the annealing treatment can be
utilized to get different mechanical behavior of very fine grain Co-Cu system, hence, the ductility and
mechanical stability of very fine grain Co-Cu system could be enhanced.
The mechanical stability of deposited nanocrystalline Co-Cu (28 at.% Cu) was also investigated
through static and cyclic micro bending tests. The micro beam specimens showed that the deposited
nanocrystalline alloy exhibits ductile properties, in which a very high yield strength was observed.
The presence of solid solution strengthening, dislocations, twins, and co-deposition of impurities
elements may contribute to the high strength of electrodeposited nanocrystalline Co-Cu. Although
this material exhibits very good mechanical properties, the microstructure was not stable in the fatigue
tests, and further improvements can be performed here, possibly by optimizing the microstructure by
annealing treatments.
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Abstract: Strategies to improve tensile strength and ductility of pulsed electrodeposited
nanocrystalline Co-Cu were investigated. Parameters of deposition, which are pulse current
density, duty cycle, and pulse-on time were adjusted to produce nanocrystalline Co-Cu deposits
with different microstructures and morphologies. The most significant improvement of strength
and ductility was observed at nanocrystalline Co-Cu deposited, at a low duty cycle (10%) and a low
pulse-on time (0.3 ms), with a high pulse current density (1000 A/m2). Enhancement of ductility of
nanocrystalline Co-Cu was also obtained through annealing at 200 ◦C, while annealing at 300 ◦C
leads to strengthening of materials with reduction of ductility. In the as deposited state, tensile
strength and ductility of nanocrystalline Co-Cu is strongly influenced by several factors such as
concentration of Cu, grain size, and processing flaws (e.g., crystal growth border, porosity, and internal
stresses), which can be controlled by adjusting the parameters of deposition. In addition, the presence
of various microstructural features (e.g., spinodal and phase decomposition), as well as recovery
processes induced by annealing treatments, also have a significant contribution to the tensile strength
and ductility.
Keywords: nanocrystalline; pulsed electrodeposition; high tensile ductility; copper; cobalt
1. Introduction
Nanocrystalline Co is a high strength material with outstanding physical properties; however,
this type of material exhibits low ductility with a typical elongation at a fracture below 10%, which is a
common problem in nanocrystalline materials [1–3]. Low ductility in nanocrystalline materials could
be influenced by several factors, such as formation of processing flaws (e.g., porosity), low plastic
strain capability, and early strain localization and failure [4]. In nanocrystalline cobalt, alloying with
other elements, e.g., Co-Cu alloys, is expected to enhance ductility caused by formation of the modified
microstructures which change plasticity and deformation behavior. However, previous work on bulk
high pressure torsion (HPT)-processed Cu-rich nanocrystalline Co-Cu [5] showed that an elongation at
fracture of less than 10% was still reported. In addition, observation of micro-mechanical properties of
the pulsed electrodeposited (PED) Co-rich nanocrystalline Co-Cu still reported unclear information [6].
Therefore, a study on mechanical properties and improvement in ductility of nanocrystalline Co-Cu
needs further investigation.
Improving ductility of nanocrystalline materials, including nanocrystalline Co-Cu alloys,
can be performed by controlling the microstructure and the formation of processing flaws [7–10].
The routes and parameters of materials processing will be key roles here. Currently, there are
Molecules 2020, 25, 5194; doi:10.3390/molecules25215194 www.mdpi.com/journal/molecules
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three possible methods to produce bulk tensile specimen of nanocrystalline materials, which are
electrodeposition (ED) [1,2,11,12], severe plastic deformation (SPD) [5,13,14], and mechanical alloying
and compaction (MA) [15,16]. In this paper, synthesis of bulk nanocrystalline Co-Cu through the
pulsed electrodeposition (PED) will be conducted due to a simple route of production and a wide
range of controlling process parameters. Of course, different characteristic and a number of lattice
defects (e.g., dislocation, voids, and twins) could be also produced from different processing routes,
but it is not studied here. In the PED-processed nanocrystalline materials, adjusting deposition
parameters (for instance: current density, pulse-on time, and duty cycle) has a significant influence
on the resulting microstructure as well as on the porosity, which has a direct impact on their
mechanical properties [11,12,17–19]. It is also possible to improve the mechanical properties of
nanocrystalline materials, particularly nanocrystalline Co-Cu, through specific annealing treatment
that leads to microstructural changes (e.g., spinodal and phase decomposition) and recovery processes
(e.g., relaxation of grain boundaries and internal stresses) [6,20,21]. Improvement in strength and
ductility of PED-processed nanocrystalline Co-Cu is expected by tuning deposition parameters as well
as annealing treatment.
In the present work, the influences of the deposition parameters (e.g., pulse current density, duty
cycle, and pulse-on time) on the microstructure and chemical composition, distribution, as well as
formation of processing flaws, is investigated. The effect of annealing treatments on tensile strength
and ductility is also studied by discussing the possible microstructural changes and recovery processes
(i.e., release of internal stresses and absorbed hydrogen). This work addresses preferred deposition
parameters as well as annealing treatment conditions to produce high strength and ductility of
nanocrystalline Co-Cu.
2. Results and Discussion
2.1. Effect of Deposition Parameters on the Properties of Deposits
Extensive studies and investigations were carried out to find specific ranges of deposition
parameters of nanocrystalline Co-Cu. According to previous work [6,22], deposition at a pulse
current density of 500 A/m2 leads to the formation of deposits with inhomogeneous distribution of
microstructure and chemical composition, while porous and unstable (powdery and with high internal
stresses) deposits were produced at a pulse current density of 1500 A/m2. Compact and homogeneous
nanocrystalline Co-Cu deposits could be obtained at pulse current densities of 750–1000 A/m2; thus, this
range was selected for the deposition of bulk nanocrystalline Co-Cu. Subsequently, these investigations
were continued to find a specific range of working duty cycles and pulse-on times. Figure 1 shows
cross-sectional images of nanocrystalline Co-Cu films deposited at various duty cycles at the same
pulse current density (1000 A/m2) and pulse-on time (2 ms). According to the theory proposed by
Fischer [23], deposited Co-Cu films show a combination of field-oriented texture (FT) and unoriented
dispersion (UD) growth types with a clear observation of crystal growth borders (marked with red
arrows in Figure 1). Figure 1a,b show that deposition at the duty cycles of 30% and 40% produce porous
and unstable deposits. On the other hand, a relatively compact deposit up to ~300 µm of thicknesses is
obtained in the sample deposited at a duty cycle of 20% (see Figure 1c). However, homogeneous and
stable deposits of nanocrystalline Co-Cu are only visible up to ~400 µm of thicknesses at a pulse-on
time of 2 ms [6]. The inhomogeneity is strongly affected by significant concentration decrease of
electrolyte components (e.g., Co and Cu ions and Saccharin), which leads to the formation of coarser
grains with higher Cu concentration at the area near the surface of deposits [22]. Ideally, concentration
of the electrolyte components must be kept at the same level, for example, by utilizing titration and
electrolyte circulation to produce thick (>1 mm) and homogeneous deposits. However, in the present
work, all deposits were produced through the single stage of deposition with no addition of electrolyte
components during deposition. Further investigations reported that homogeneous and stable deposits
up to ~700 µm of thicknesses could be obtained through the single stage of deposition at the pulse-on
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times of 0.3 ms–0.5 ms (duty cycle of 20%). Deposition at pulse-on times lower than 0.3 ms is not
possible due to formation of powdery deposits. In summary, high-quality nanocrystalline Co-Cu
films could be deposited at a specific range of deposition parameters: (i) Pulse current densities of
750 A/m2–1000 A/m2, (ii) pulse-on times of 0.3 ms–0.5 ms, and (iii) duty cycles of 10–20%.
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Figure 1. Cross-sectional images of nanocrystalline Co-Cu deposited at various duty cycle of (a) 40%,
(b) 30%, and (c) 20% at a pulse current density of 1000 A/m2 and a pulse-on time of 2 ms. The films
were deposited at the same number of pulse cycles for different time of deposition which are (a) 13 h,
(b) 8.5 h, and (c) 6.5 h to obtain the 300 µm of thicknesses (current efficiency 80–90%).
In the present work, the deposition parameters were varied, i.e., current density, duty cycle,
and pulse-on time, as described in Table 1. Microstructural investigation through scanning electron
microscopy (SEM) and X-ray diffraction (XRD) measurements were performed to investigate the impact
of deposition parameters. Back-scattered electron (BSE) images of initial microstructure of sample 1 (S1)
(Figure 2a) and sample 5 (S5) (Figure 2c) reveal that homogeneous and pure nanocrystalline structure
with grain sizes of less than 100 nm are observed, whereas S2 and S3 exhibit the identical microstructure
(BSE images are not shown here). On the other hand, a BSE image of initial microstructure of S4
(Figure 2b) shows slightly coarser grains compared to S1 and S5, which is strongly influenced by the
reduction of the pulse current density. XRD patterns of S1–S5 (see Figure 2d) show no clear differences
of phase or crystal orientation, whereas identical XRD patterns with a strong (111) peak are detected in
S1–S5. However, the different shape of XRD-peaks (e.g., peak intensity and peak broadening) can be
taken into consideration as different grain size and microstrain effects (e.g., internal stresses). Caused
by limited resolution of SEM–BSE images, grain size measurements were carried out by analyzing the
XRD lines of individual samples through full width at half maximum (FWHM) method of the Scherer
and Williamson–Hall approaches. The Scherer approach shows that S1–S5 have identical grain at the
range of 7–12 nm. On the other hand, the Williamson–Hall approach shows more significant differences
of grain size mainly for S4, which conforms more to the microstructure SEM image. Of course, a more
valid grain size number can be obtained through transmission electron microscopy (TEM), but it
is not conducted here. According to previous work [6], the grain size number from TEM images
(~23 nm) is between the grain size number from Scherer (~14 nm) and Williamson–Hall (~31 nm)
approaches. According to the previous measurement characteristic, S4 may exhibit grain size in the
range of 9–72 nm, which is the biggest among S1–S5. The energy dispersive X-ray spectroscopy (EDS)
measurement shows that the S1 consists the lowest Cu content, while the S4 and S5 have the highest
Cu-content. In comparison with S1, higher Cu-content in S4 and S5 may be caused by a deposition
at a lower current density and a lower duty cycle, respectively. The possible effect of grain size and
Cu-concentration on strength and ductility will be discussed further in Section 2.2.
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Figure 2. Back-scattered electron (BSE) image of initial microstructure of (a) S1, (b) S4, (c) S5 in planar
mode; (d) X-ray diffraction (XRD) patterns of S1–S5. The red and green vertical dashed lines indicate
the positions of the face-centered cubic (fcc) phase lines of Cu and Co, respectively. The continuous
black thick lines correspond to the fits for the measured XRD patterns; (e) Engineering stress vs. strain
curves of static tensile tests of samples S1–S5 at a strain rate of 1.0 × 10−3 s−1. Detailed descriptions for
each sample are shown in Table 2.
Table 1. Chemical composition and grain size analysis of the tensile specimens, which were deposited
at (various) pulse current density (ip), duty cycle (dc), and pulse-on time (tp). Grain size analy is is
measured from the XRD lines in Figure 2a hrough full width at half maximum (FWHM) an lysis and
two diff rent approaches: Scherer plot and Williamson–Hall plot. PED = pulsed electrodeposited.
PED Parameters Composition Scherer Plot Williamson–Hall Plot
ip (A/m2) dc (%) tp (ms) Co (at.%) Cu (at.%) Grain Size (nm) Grain Size (nm) Microstrain (%)
S1 1000 20.0 0.5 87.1 ± 0.1 12.9 ± 0.1 7.84 12.86 1.018
S2 1 0 17.5 0.5 85.6 ± 0. 14.4 ± 0.1 7.39 7.08 .393
S3 1000 17.5 0.3 82.8 ± 0.1 17.2 ± 0.1 8.30 7.76 0.161
S4 800 17.5 0.5 80.3 ± 0.1 19.7 ± 0.1 9.03 71.68 1.297
S5 1000 10.0 0.3 80.1 ± 0.1 19.9 ± 0.1 11.03 24.60 0.673
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Table 2. The yield strength (σy), ultimate tensile strength (σu), and total elongation at fracture (εf) of
tensile specimens S1–S5 with different thicknesses (d) measured from the engineering stress–strain




ip (A/m2) dc (%) tp (ms) σy (GPa) σu (GPa) εf (%)
S1 1000 20.0 0.5 0.41 Fail at 0.62 2.54
S2 1000 17.5 0.5 0.54 0.91 ± 0.06 1.20 ± 0.03 4.57 ± 0.05
S3 1000 17.5 0.3 0.52 0.95 ± 0.05 1.51 ± 0.04 8.71 ± 0.47
S4 800 17.5 0.5 0.53 1.03 ± 0.02 1.55 ± 0.03 8.26 ± 1.26
S5 1000 10.0 0.3 0.40 1.21 ± 0.08 1.98 ± 0.03 15.95 ± 0.09
2.2. Effect of Deposition Parameters on the Mechanical Properties
In this section, the effect of deposition parameters on the mechanical properties of individual
samples is discussed. The stress–strain curve and the detailed data of S1–S5 are available in Figure 2e
and Table 2. Figure 2e depicts an engineering stress vs. strain curve of a static tensile test of S1, which
was deposited at the highest pulsed current density, duty cycle, and pulse-on time. According to
the curve, S1 possess a brittle behavior in which a failure occurs even in the elastic regime (fracture
stress and strain are 0.62 GPa and 2.54%, respectively). Previous work on the tensile test of bulk
HPT-processed Cu-rich nanocrystalline Co-Cu [4] showed that a minimum yield strength of 0.8 GPa
could be achieved and it should be higher for the Co-rich systems. A secondary electron (SE) image
of the initial surface condition of S1 (Figure 3a) shows the presence of microporosity with sizes of
0.5–1.0 µm (marked with black arrows) and crystal growth borders with an average distance of
84.14 ± 44.34 µm (marked with red dashed line), which could be possible spots for crack initiation.
In addition, a combined SE-EDS image (Figure 3b) reports a local Cu-deficient region along the crystal
growth borders. It is believed that these crystal growth borders are more brittle compared with
the surrounding regions caused by lower Cu, as well as higher Co concentration, and it is strongly
supposed that the crack initiation started here.
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clear fracture of the crystal gro th borders is confir ed by detailed observation of B1 (Figure 4a,b).
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Other factors, such as overall low Cu concentration, impurities, and processing flaws caused by
deposition at high pulse current density, could also contribute to the brittle failure of the crystal growth
borders. Interestingly, a moderate fraction of ductile fracture regions (see Figure 4a) and micro-dimple
structures are observed within the brittle fracture region (see Figure 4c,d). It is believed that the
PED-processed nanocrystalline Co-Cu exhibits ductile behavior in the absence of these processing flaws.
Hence, an improvement in ductility can be achieved by reducing the number of processing flaws, for
instance, through adjustment of deposition parameters (e.g., reducing duty cycle). For example, sample
2 (S2), which was deposited at a lower duty cycle shows a slightly improved ductility (see Table 2
and Figure 2b) with no distinct porosity and crystal growth borders observed. A fracture image of S2
(Figure 5a) shows that the fraction of the brittle fracture regions (B2) is slightly lower compared to
S1, and the fracture surface is dominated by a ductile fracture with various dimple sizes. In addition,
the EDS measurement shows that S2 exhibits a higher Cu content than S1, which might also contribute
to the improvement in ductility (see Table 1). However, ductility of S2 is still low, with a total elongation
at the fracture remaining below 10%, and it needs further improvement.
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area marked with the green box). (b and d) SE images of surface morphology at gauge section after 
tensile test of (b) sample 3 (S3) and (d) sample 4 (S4); (c) a SE image of the fracture surface of S3 
showing the brittle (B3) and ductile (rest) fracture regions (inset show a detailed image of the brittle 
region marked with the red box); (e) a SE image of the fracture surface of S4 showing brittle (B4) and 
ductile (D4(I) and D4(II)) fracture regions. 
Sample 3 (S3) and sample 4 (S4) were deposited at lower pulse-on time and pulse current density 
compared with S2, respectively. EDS measurements show that S3 and S4 have a higher Cu 
concentration compared to S1 and S2 (see Table 1). In comparison with S1 and S2, a significant 
improved ductility is observed in which elongation at fracture of almost 10% is achieved (see Table 
2 and Figure 2b). Surface morphology images at the gauge section of S3 (Figure 5b) and S4 (Figure 
5c) exhibit a shear fracture at 40° angle relative to the tensile load direction as an indication of ductile 
fracture, and also some small amount of necking as an evidence of plasticity prior to ductile fracture. 
Fracture surface images of S3 (Figure 5d) and S4 (Figure 5e) confirm a significant reduction of brittle 
Figure 5. (a) A SE electron image of the fracture surface of sample 2 (S2) showing brittle (B2) and
ductile (rest) fracture regions (inset shows a detailed image of the ductile fracture surface taken at the
area marked ith the green box). (b,d) SE images of surface morphology at gauge section after tensile
test of (b) sample 3 (S3) and (d) sample 4 (S4); (c) a SE image of the fracture surface of S3 showing the
brittle (B3) and ductile (rest) fracture regions (inset show a detailed image of the brittle region marked
with the red box); (e) a SE image of the fracture surface of S4 showing brittle (B4) and ductile (D4(I) and
D4(II)) fracture regions.
Sample 3 (S3) and sample 4 (S4) were deposited at lower pulse-on time and pulse current density
compared with S2, respectively. EDS measurements show that S3 and S4 have a higher Cu concentration
compared to S1 and S2 (see Table 1). In comparison with S1 and S2, a significant improved ductility is
observed in which elongation at fracture of almost 10% is achieved (see Table 2 and Figure 2b). Surface
morphology images at the gauge section of S3 (Figure 5b) and S4 (Figure 5c) exhibit a shear fracture at
40◦ angle relative to the tensile load direction as an indication of ductile fracture, and also some small
amount of necking as an evidence of plasticity prior to ductile fracture. Fracture surface images of S3
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(Figure 5d) and S4 (Figure 5e) confirm a significant reduction of brittle fracture regions (B3 and B4)
compared with S1 and S2, whereas here this type of fracture is only observed in some spots.
Sample 5 (S5) was deposited at the lowest duty cycle (10%) and pulse-on time (0.3 ms).
EDS measurement confirms that S5 has the highest Cu content among S1–S5 (see Table 1).
An engineering stress vs. strain curve of S5 (Figure 2b) shows that a high tensile strength and
ductility with a total elongation at fracture of 16.20% is observed (see the data in Table 2). A surface
morphology image at the gauge section of S5 (Figure 6a) shows a moderate necking with a shear
fracture at 40◦ angle relative to the tensile loading direction as found also in S3 and S4. No brittle
fracture regions are found in S5 in which ductile fracture with dimple structures is observed (Figure 6b).
Deposition at a duty cycle of less than 10% is not preferred considering the required processing time.
Moreover, it also leads to deposits with higher Cu concentration and coarser grains, which results in a
reduction of strength with an increased ductility.
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The ductility of materials is controlled by factors such as sample geometry (e.g., specimen thickness
and length, notches, etc.), chemical composition, microstructure (e.g., grains and crystal orientation),
and processing flaws (e.g., porosity and internal stresses). Of course, lattice defects (e.g., dislocations)
and their mobility have also a high contribution to ductility, but this is not discussed in this paper.
The geometry of the tensile specimens, for instance, gauge thickness and length, is important to
accommodate the plastic elongation, which contributes on ductility. According to some standards for
flat tensile test specimens [24,25], the equation of Lo = 5.65
√
So is commonly used to calculate the
proportional dimension of gauge length (Lo) from the cross-sectional area of gauge section (So). In the
present work, the width (2 mm) and length (6 mm) of the gauge section are kept constant, while the
specimen thicknesses (0.31–0.54 mm) are not intentionally varied due to sample preparations (grinding
and polishing). According to the equation and cross-sectional data, the applied gauge length (6 mm)
complies the minimum requirement of gauge lengths of 4.5–5.9 mm; thus, the gauge length should
have no influence. Considering the thickness effect, some works [26–28] reported that the major effect
of specimen thickness is only observed at the non-uniform plastic elongation (post-necking zone),
which is not observed in samples S1–S4. Of course, the non-uniform plastic elongation and highest
elongation at fracture are observed in S5, but this sample has the smallest sample thickness among
samples S1–S5, which does not comply with the thickness effect theory. Thus, it is believed that sample
thickness has no significant effect here.
Considering no significant correlation between ductility with specimen thickness, it is believed
that an improved ductility is influenced by other factors. Dislocation mobility and plastic deformation
capability are key roles to the ductility of materials. These factors are strongly influenced by internal
properties of materials, such as chemical composition, grain size, and presence of processing flaws.
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Possible contributing factors, such as Cu concentration, grain size, crystal growth borders, porosity,
and internal stresses are discussed with respect to the deposition parameters.
The first factor is related to Cu concentration. Pure nanocrystalline Co dominantly exhibits a
hexagonal closed pack (hcp) structure, which is known to be brittle due to a limited number of active slip
systems. The addition of Cu in the nanocrystalline Co is addressed to change the hcp- to fcc-structure,
which exhibit a higher number of active slip systems. In addition, some research in pure nanocrystalline
Cu [29,30] reported good ductility for more than 10% of elongation at fracture; thus, improvement of
ductility is expected in nanocrystalline Co-Cu. According to thermodynamic data, deposition of Cu is
easier than Co caused by a more positive standard reduction potential (E0
Cu2+/Cu
= +0.34 V vs. SHE
and E0
Co2+/Co
= −0.28 V vs. SHE). The increase of Cu concentration in S3 and S4 is affected by this
effect due to deposition at shorter pulse-on time (S3), and lower pulse current density (S4) compared to
S1, respectively. Higher Cu content is also obtained at the samples deposited at longer off-time, such
as observed in S2 and S5 (compared with S1), which is caused by galvanic reaction of deposited Co
with Cu ions in the electrolyte when the pulsed current is off. The other possible effect relating to the
presence of Cu is the formation of Co-Cu/Cu multilayered structure sizes of 1–3 nm prior to galvanic
reaction when the pulsed current is off [31]. This nano-scale multilayered structure may have an impact
on the ductility of the nanocrystalline Co-Cu. In the previous work [6], investigation on the Co and Cu
atomic distribution was conducted through the atom probe tomography (APT) measurement in the
identical sample. However, the formation of Co-Cu/Cu multilayers and Co- or Cu-segregations in
the nanometer scale cannot be detected from the APT measurement. Further observation through the
higher resolution of APT or TEM is needed to investigate the possible formation of these multilayers
structure. In the nanocrystalline Co-Cu, ductility increases with increasing Cu content, but it should be
considered that high Cu content may lead on the decrease of strength. There must be an optimum Cu
content to achieve high tensile strength and good ductility.
The second factor is related to the grain size. According to the XRD grain size analysis, S4 and S5
exhibit bigger grain size compared with S1–S3 (see Table 1). Although the grain size is not accurately
measured here (only estimation of grain size range), distinct observation of coarser grains in S4 is real
from a BSE image (Figure 2b). In comparison with S1 and S2, more ductility can be obtained from
S4 and S5. It is believed that coarser grain (i.e., still in the nanocrystalline range) have a contribution
on the increase of ductility. According to Meyers [4], low plasticity in the nanocrystalline materials
is contributed by a significantly lower number and mobility of dislocations within individual grain.
The number and mobility of dislocations within individual grain increase with increasing grain size;
thus, more plastic deformation can be obtained (i.e., more ductility). Deposition at lower current
density (S4) and lower duty cycle (S5) produces the nanocrystalline Co-Cu with higher Cu-content and
coarser grain. The influence of higher Cu-content on the increase of grain size in the nanocrystalline
Co-Cu has been observed by Müller [22].
The third factor is related to the formation of crystal growth borders. The crystal growth was
introduced by Fischer [23], relating to the nucleation and growth mechanism in the electrochemical
deposition. In the nanocrystalline materials, one “crystal” growth may consist up to hundreds or
thousands of nano-grains, which may have similar crystal orientations (fiber texture). Usually, many
“crystals” are growing at the same time and will get into contact, at some point, to form crystal growth
borders. At these borders, the chemical composition may vary (depletion of alloying element in the
electrolyte, agglomeration of impurities, etc.). In the present work, inhomogeneous concentration of
Co and Cu is observed at crystal growth borders in S1, as shown in Figure 3b. The formation of these
borders at the surface of other tensile specimens (S2–S4) is not observed. Of course, these borders
are believed remaining in the samples, and the fracture surface images of S2–S4 (see Figure 5a,c,e)
show that the fracture of crystal growth borders can be reduced significantly with improved ductility.
These borders are not even found in the fracture surface of S5. Adjusting deposition parameters
(i.e., longer off time, lower current density, etc.) has a significant impact to reduce the formation of
these borders through different mechanisms.
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The fourth factor is related to hydrogen evolution and formation of porosity. Hydrogen evolution
at the cathode leads on the reduction of current efficiency and the formation of porosity due to trapped
hydrogen gas, and it cannot be avoided during deposition at high current density. According to works
by some authors [12,32,33], the observance of strong intensity (111) orientation in samples S1–S5 (see
Figure 1a), which reflects inhibited lateral growth mode, is an indication of the hydrogen gas presence
during deposition. Adjustment of parameters of deposition, such as reducing duty cycle (S2–S5),
shortening pulse-on time (S3 and S5), and lowering pulse current density (S4) are intended to reduce
the hydrogen evolution, which has a direct impact on number of porosities, such as discussed in
literatures [17,34]. Of course, it is believed that some porosities are still in the deposits (samples S2–S5),
but microstructure investigation confirms that no distinct porous formation is observed in samples
S2–S5. This non-observed pore formation is, maybe, related to the smaller size of porosities compared
with S1, which influences ductility. Further investigations on the critical size and number of pores
should be conducted in the future to obtain a more comprehensive understanding between parameters
of deposition, porosity, and ductility.
The last factor is related to internal stresses. The slightly different XRD peak form (e.g., peak
intensity and peak broadening) of individual crystal textures in samples S1–S5 (see Figure 1a) is an
indication of different concentration of micro-strain in the different nanocrystalline Co-Cu deposits
(see Table 1). Internal micro-stress is one of contributing factor to the micro-strain broadening. During
the pulsed electrodeposition process, stress generation, and relaxation occur during pulse current-on
and pulse current-off, respectively [35–37]. The internal stresses may have an influence on a brittle
behavior in deposited materials. Reducing duty cycle (S2–S5) and shortening pulse-time (S3 and
S5) are purposed to extend the time for stress relaxation and shorten the time for stress generation,
respectively. Thus, lower internal stresses are expected as well as an improvement of ductility. Some
works by Xu [36,37] also reported the formation of twins in nanocrystalline Cu during stress relaxation
when the pulse current is off, which has an impact to the strengthening of materials.
The current investigation shows that most the significant improvement on tensile strength and
ductility is observed in S5, which was deposited at a combination of significantly low duty cycle (10%)
and short pulse-time (0.3 ms), where no reduction in pulse current density is needed (i.e., no decrease
of strength). Thus, deposition at these parameters is favored to achieve high tensile strength and good
ductility of nanocrystalline Co-Cu. Surely, further investigation and optimization, such as effect of
deposition temperature and electrolyte composition are required to obtain the optimum results. These
results show the importance of deposition parameters in the massive improvement on ductility of
nanocrystalline Co-Cu.
2.3. Effect of Annealing Temperatures on Ductility
The effect of annealing temperatures on the ductility of Co-rich nanocrystalline Co-Cu is
investigated. Figure 7a shows a back scattered electron (BSE) image of micrograph of sample 6
(S6), which was deposited at a pulse current density, duty cycle, and pulse-time of 900 A/m2, 10%,
and 0.3 ms, respectively. A reduced pulse current density compared with S5 is intended to enhance
ductility further. In comparison with S5, nanocrystalline Co-Cu with coarser grains (Figure 7a) and
higher Cu content (Table 3) is observed in S6 due to deposition at lower pulse current density. Samples
deposited at the same parameter with S6 were subjected to annealing treatment at 200 ◦C (S7), 300 ◦C
(S8), and 450 ◦C (S9) for 24 h to investigate the effect of annealing on mechanical properties. BSE images
(Figure 7b–d) show that no significant grain changes (e.g., grain coarsening) are detected at the sample
annealed at 200 ◦C (S7) and 300 ◦C (S8), while slight grain coarsening is observed at the sample
annealed at 450 ◦C (S9). Previous work on nanocrystalline Co-Cu (28 at.% Cu) [6] confirms identical
results with these findings.
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Table 3. Description of tensile specimens S6–S9 with the Identical thickness (D) and chemical
composition which were deposited for 72 h at pulse current density (ip), duty cycle (DC), and pulse-on
time (tp) of 900 A/m2, 10%, and 0.3 ms, respectively. Samples S7–S9 were annealed at different annealing
temperatures for 24 h. The yield strength (σy), ultimate tensile strength (σu), and total elongation at
fracture (εf) are measured from the engineering stress–strain curves in Figure 7e. Two tensile specimens
were mechanically tested for S6 and S9.
d (mm)
An ealing Mechanical Properties
Temp (◦C) Time (h) Co (at.%) Cu (at.%) σy (GPa) σu (GPa) εf (%)
S6 0.31 As deposited 79.5 ± 0.0 20.5 ± 0.0 1.16 ± 0.01 1.71 ± 0.02 11.37 ± 0.24
S7 0.31 200 24 79.5 ± 0.0 20.5 ± 0.0 1.10 1.73 13.38
S8 0.31 300 24 79.8 ± 0.1 20.2 ± 0.1 1.40 1.75 5.84
S9 0.35 450 24 79.8 ± 0.1 20.2 ± 0.1 1.03 ± 0.08 1.28 ± 0.17 6.05 ± 0.97
Figure 7e depicts engineering tensile stress vs. strain curves of S6–S9 at a strain rate of 1.0 × 10−3 s−1
an the detailed data are provi ed in Table 3. The stress vs. strain curve of S6 confirms that the as
dep sited tate shows good ductility, with a total elongation at fracture f 11.37 ± 0.24%. In comparison
with S6, annealing at 200 ◦C for 24 h (S7) leads on the improvement of ductility while the str ngth is
maintained at the same level (see Figure 7e and Ta le 3). Surface morpholo y images at a ga g section
of S6 (Figure 8a) and S7 (Figure 8b) show moderate neck ng with shear fracture at an angle of 45◦
relative to the tensile load direction as indications of ductile fracture. Fractographies of S6 (Figure 8c)
and S7 (Figure 8d) also show ductile fracture surfaces with a dimple structure. In comparison with
S5, a decrease of ductility and strength are confirmed in S6, although the pulse current density has
been lowered. It is believed that the decrease of ductility in S6 compared with S5 is caused by the
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thickness effect, while the decrease of strength is caused by the grain size effect. On the other hand,
the improved ductility in samples S7 (compared with S6) may be caused by recovery processes, such as
relaxation of internal stresses, and grain boundaries, as well as the release of absorbed hydrogen. XRD
patterns of samples S6 and S7 (see Figure 8e) confirm significantly dissimilar peak intensity and peak
broadening of (200) and (220) peaks indicating different concentration of micro-strains (e.g., internal
stresses). Of course, better XRD resolution and other contributing measurements (e.g., absorbed
hydrogen measurement) are needed to obtain exact value of those mentioned factors. However, these
results could be an initial indication that the improved ductility in S7 may be caused by the recovery
processes. At this point, structural transformation at 200 ◦C must be further investigated to reveal the
influencing factors on the improvement of ductility.
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In comparison with the as deposited state (S6), annealing treatment at 300 ◦C for 24 h (S8) leads to
a strengthening of nanocrystalline Co-Cu in which the observed yield strength increases to 1.4 GPa
(see Figure 7e and Table 3). The XRD measurement shows that the as deposited state nanocrystalline
Co-Cu (S6) exhibits a supersaturated solid solution phase with strong (111) orientation (see Figure 8e).
According to previous work [6], the nano scale spinodal or chemical decomposition of solid solution
Co-Cu was detected at 300 ◦C, in which three regions (solid solution Co-Cu, Co-rich, and Cu-rich)
were detected. The presence of Co- and Cu-rich regions with sizes of 5–10 nm, which may act as Co- or
Cu-precipitates, is expected to have a direct impact to a strengthening of nanocrystalline Co-Cu (S8).
However, improved ductility is not observed here with the total elongation at fracture decreases to
5.48%. The fracture image of S8 (Figure 8f) shows two ductile fracture regions with different size of
dimples. Figure 8f depicts that the dimple structures with the sizes of 0.5 µm–1 µm are observed at the
center of a cross-section tensile specimen (region I), while the smaller sizes of dimples are found at the
area near surface (region II).
The engineering stress vs. strain curve of S9 (Figure 7e) shows that annealing at 450 ◦C for 24 h
leads to decrease of strength and ductility in comparison with the as deposited state (S6). Interestingly,
a fracture surface of S9 shows no brittle fracture surface, whereas dimple structures (Figure 8g) as
indication of ductile fracture are observed. According to previous work [6], slight grain coarsening,
which is also observed in S9, as well as massive phase decomposition of Co-Cu are reported after
annealing at 450 ◦C for 24 h. It is clear enough that the reduced strength in S9 is caused by the grain
coarsening. Surprisingly, phase separation of Co-Cu, which is expected to improve the mechanical
stability, is unable to improve (or even maintain) the ductility of nanocrystalline Co-Cu. According to
previous work [6], phase decomposition of the fcc-structured solid solution nanocrystalline Co-Cu at
450 ◦C for 24 h led to the formation of fcc-Cu, fcc-Co, and hcp-Co phases. It is believed that a decreased
ductility is caused by the presence of an hcp-Co phase, which is known to be more brittle compared
with the fcc-structure. Other factors, such as impurity segregation at grain boundaries, may also have
a contribution on reduction of ductility at 450 ◦C. At 450 ◦C, the diffusion of co-deposited impurities
(e.g., sulfur) to the grain boundaries is possible as shown in the nanocrystalline Co [38] and Ni [39].
The segregation of sulfur at grain boundaries have an impact on grain boundary embrittlement, which
leads to the reduction of ductility.
In this paper, high tensile ductility and strength of pulsed electrodeposited nanocrystalline Co-Cu
can be achieved by adjusting the parameters of deposition. Moreover, annealing treatments show
some interesting and surprising results in which an improvement of ductility can also be obtained
through this method. In the future, fatigue behavior of PED-processed bulk nanocrystalline Co-Cu
will be also studied.
3. Materials and Methods
Bulks nanocrystalline Co-Cu with thickness of 600–750 µm were produced through the pulsed
electrodeposition technique at copper cathode plates (21 mm × 21 mm) and double plate of
titanium-mesh (120 mm × 60 mm) was used as an anode. The PED process was conducted to
produce nanocrystalline Co-Cu deposits (S1–S9 samples) at different parameters of deposition (pulse
current density, duty cycle, and pulse-time) as shown in Tables 1 and 2. The times for the deposition
are different for individual samples, which are 35 h for S1, 40 h for S2–S3, 50 h for S4, 69 h for S5,
and 72 h for S6–S9, with a current efficiency of 80–90%. The PED process was performed with 1.10 L
electrolyte containing 0.40 M CoSO4.7H2O, 0.04 M CuSO4, 0.20 M C4H4KNaO6.4H2O, 1.00 M Na2SO4,
0.3 M H3BO3, 2.00 g/L C7H5NO3S (Saccharin), and 0.20 g/L C12H25NaO4S (sodium dodecyl sulfate)
at a constant temperature of 40 ◦C. Some deposits (S7–S9) were subjected to isothermal annealing in
vacuum at a pressure of 10−6 mbar at various temperatures (200–450 ◦C) for 24 h to investigate the
effect of annealing temperatures on the mechanical properties.
All deposits were removed from copper substrate and they were subjected to cutting processes to
produce two tensile specimens from each deposit. Figure 9a shows a schematic picture and dimension
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of a dog-bone tensile specimen used in this work. Tensile specimens were subjected to grinding
and polishing procedure, and some parts (200–300 µm) of the tensile specimen thickness will be
lost during this step. Polished tensile specimens were settled to the specimen holder, as shown
in Figure 9b. This holder (including tensile specimen) was installed in the tensile testing machine,
as demonstrated in Figure 9c. Tensile tests were carried out in a testing machine, Instron 8513 (Instron,
Norwood, MA, USA), at a strain rate of 1.0 × 10−3 s−1. Caused by limitation of the samples, i.e., small
dimension compared to the standard tensile specimen, the measured strain data were only recorded by
the cross-head displacement of the machine with no additional devices (e.g., extensometer). Initial
microstructure and fracture surface images, as well as chemical composition of tensile specimens, were
investigated in the scanning electron microscope (SEM) Zeiss Sigma-VP (Jena, Thüringen, Germany)
equipped with a backscattered electron (BSE) detector and energy dispersive spectroscopy (EDS)
detector (Oxford Instruments, Abingdon, Oxfordshire, England) at acceleration voltages of 10–20 kV.
X-ray diffraction (XRD) measurements were conducted by using Cu K-alpha radiation (λ: 1.5405980
Å) and a scan step size of 0.013◦2θ/s. The XRD data were processed with Fityk software (Institute of
High Pressure Physics, Warsaw, Poland) [40] for peak refinement and peak fitting. The SEM and XRD
measurements were carried out at the surface of the tensile specimen next to the solution side.
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Figure 9. (a) Schematic picture of the dog-bone tensile specimen used in this work. The thickness of
the specimens is intentionally varied, as shown in Tables 1 and 3; (b) design of the tensile specimen
holder. A supporting holder is used to support the holder and specimen just before the test, and will be
removed after installation in the tensile testing machine. The red dashed circle shows some screws to
remove the supporting holder. The tightening system is used to fix the tensile specimen at its place;
(c) installation of the tensile specimen holder (including tensile specimen) in the tensile testing machine.
The supporting holder must be removed after the installation (before the tensile test) by removing the
screws, which are marked with red dashed circle.
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4. Conclusions
Strategies to obtain high tensile strength and ductility of PED-processed bulk nanocrystalline
Co-Cu were investigated by adjusting pulse current density, duty cycle, and pulse-time of deposition.
An improved strength and ductility can be achieved through the deposition at high pulse current
density (1000 A/m2) by reducing duty cycle and pulse-time up to 10% and 0.3 ms, respectively.
Specimen deposited at this parameter shows that an elongation to fracture of 15.95 ± 0.09%, as well
as yield and ultimate strength up to 1.21 ± 0.08 GPa and 1.98 ± 0.03 GPa, respectively, could be
achieved. Improved ductility could also be acquired through isothermal annealing at 200 ◦C, whereas
annealing at 300 ◦C leads to strengthening with reduction of ductility. It is believed that improvement
on ductility and strength of PED-processed nanocrystalline Co-Cu is affected by several factors, such as
Cu concentration, grain size, and number of flaws within materials (e.g., crystal growth borders,
porosity, and internal stresses).
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1. Introduction 
Nanocrystalline (nc) materials have outstanding mechanical and physical properties (Gleiter (1989); Meyers et al. 
(2006)). However, these types of materials are thermally and mechanically unstable and improvements are necessary 
for wide range applications. Many experiments have been conducted to improve the thermal stability of nc materials, 
for example, through the addition of alloying elements (Bachmaier and Motz (2014)), through the addition of second 
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phase or oxide particle (Molonari et al. (2010)), and by studying the effect of impurities (Hibbard et al. (2006)). 
Among the promising materials are immiscible Co-Cu alloys, in which the decomposition of the super-saturated 
solid solution can be used to obtain nano-structured materials. A series of experiment conducted by Bachmaier 
(Bachmaier and Motz (2014); Bachmaier and Pfaff et al. (2015); Bachmaier and Stolpe et al. (2015)) showed that nc 
Co-Cu alloys synthesized by the HPT method have improved thermal stability compared to pure nc Co. No 
significant decrease of HV numbers was observed in nc Co-Cu even after annealing them for 100 hours at the a 
temperature ≤ 400oC. Interestingly, despite the significant grain coarsening that was observed at 600oC, the 
microstructure of nc Co-Cu could be maintained in the ultrafine grain region. Phase decomposition of solid solution 
Co-Cu into fcc-Cu and fcc-Co phases at this annealing temperature was also detected by XRD measurement. 
Furthermore, phase decomposition of Co-Cu was also observed at a lower annealing temperature (400oC) and it is 
stable for a long annealing period. However, minor grain coarsening was also observed at this temperature, and 
further work is required to find the optimum condition for phase decomposition. 
The synthesis of nanostructured materials by using the HPT method leads to several problems since it depends on 
the initial size of the copper and cobalt powder. Moreover, the vacancies and residual stresses were also observed in 
the nanostructured materials. Synthesis of nc materials by using other methods, for example the electrodeposition 
technique is possible and has been successfully performed and described in some literatures to produce nc Co 
(Hibbard et al. (2001)), nc Cu (Lu et al. (1999)), and nc Co-Cu ((Bachmaier and Stolpe et al. (2015); Müller (2014)). 
Moreover, the synthesis of nc materials through the electrodeposition technique is a simple route of production 
which also provides technological and economic benefits. 
It was also found that nc materials are mechanically unstable since their fatigue resistance are lower compared to 
ultrafine grain and coarse grain (Mughrabi and Höppel (2010)). Moreover, grain coarsening induced by plastic 
deformation was also observed on ultrafine grain Cu during cyclic micro-bending experiments (Kapp et al. (2017)). 
This phenomenon indicates that interesting microstructure development or phase transformation on a nano- and very 
small scale is possibly observed during mechanical fatigue loading. 
2. Experimental Procedures 
2.1. Deposition of nc Co-Cu 
Nc Co-Cu films were synthesized through the pulsed electrodeposition technique at high current density and low 
duty cycle (i: 100 mA/cm2; tpulse: 2 ms; toff: 18 ms). Cu disk (øsurface: 12 mm) and platinized-Ti rod were prepared as 
cathode and anode respectively. According to experiments conducted by Müller (Müller (2014)), homogenous and 
porosity-free deposits were obtained after deposition in complex tartrate electrolyte instead of complex citrate 
electrolyte, so the deposition in complex tartrate electrolyte was preferred in this experiment. Pulsed 
electrodeposition was conducted in the electrolyte containing 112.20 g/L CoSO4.7H2O, 6.38 g/L CuSO4, 56.44 g/L 
C4H4KNaO6.4H2O, 142.04 g/L Na2SO4, 18.55 g/L H3BO3, 2.00 g/L Saccharin, and 0.20 g/L sodium dedocyl sulfate. 
Deposition was conducted for 24 hours to produce approximately 350 µm film thicknesses and the electrolyte’s 






Fig. 1. (a) Schematic drawing of free standing micro bending beam and its position corresponding to the nc Co-Cu film; (a) SEM-EDS 
observation at the cross section of nc Co-Cu film; 
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significant decrease of HV numbers was observed in nc Co-Cu even after annealing them for 100 hours at the a 
temperature ≤ 400oC. Interestingly, despite the significant grain coarsening that was observed at 600oC, the 
microstructure of nc Co-Cu could be maintained in the ultrafine grain region. Phase decomposition of solid solution 
Co-Cu into fcc-Cu and fcc-Co phases at this annealing temperature was also detected by XRD measurement. 
Furthermore, phase decomposition of Co-Cu was also observed at a lower annealing temperature (400oC) and it is 
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further work is required to find the optimum condition for phase decomposition. 
The synthesis of nanostructured materials by using the HPT method leads to several problems since it depends on 
the initial size of the copper and cobalt powder. Moreover, the vacancies and residual stresses were also observed in 
the nanostructured materials. Synthesis of nc materials by using other methods, for example the electrodeposition 
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(Hibbard et al. (2001)), nc Cu (Lu et al. (1999)), and nc Co-Cu ((Bachmaier and Stolpe et al. (2015); Müller (2014)). 
Moreover, the synthesis of nc materials through the electrodeposition technique is a simple route of production 
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It was also found that nc materials are mechanically unstable since their fatigue resistance are lower compared to 
ultrafine grain and coarse grain (Mughrabi and Höppel (2010)). Moreover, grain coarsening induced by plastic 
deformation was also observed on ultrafine grain Cu during cyclic micro-bending experiments (Kapp et al. (2017)). 
This phenomenon indicates that interesting microstructure development or phase transformation on a nano- and very 
small scale is possibly observed during mechanical fatigue loading. 
2. Experimental Procedures 
2.1. Deposition of nc Co-Cu 
Nc Co-Cu films were synthesized through the pulsed electrodeposition technique at high current density and low 
duty cycle (i: 100 mA/cm2; tpulse: 2 ms; toff: 18 ms). Cu disk (øsurface: 12 mm) and platinized-Ti rod were prepared as 
cathode and anode respectively. According to experiments conducted by Müller (Müller (2014)), homogenous and 
porosity-free deposits were obtained after deposition in complex tartrate electrolyte instead of complex citrate 
electrolyte, so the deposition in complex tartrate electrolyte was preferred in this experiment. Pulsed 
electrodeposition was conducted in the electrolyte containing 112.20 g/L CoSO4.7H2O, 6.38 g/L CuSO4, 56.44 g/L 
C4H4KNaO6.4H2O, 142.04 g/L Na2SO4, 18.55 g/L H3BO3, 2.00 g/L Saccharin, and 0.20 g/L sodium dedocyl sulfate. 
Deposition was conducted for 24 hours to produce approximately 350 µm film thicknesses and the electrolyte’s 






Fig. 1. (a) Schematic drawing of free standing micro bending beam and its position corresponding to the nc Co-Cu film; (a) SEM-EDS 
observation at the cross section of nc Co-Cu film; 
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2.2. Characterization and annealing procedures 
Deposited nc Co-Cu films were cut in cross-section direction along with Cu substrate. Hereafter, samples were 
subjected to the subsequent isothermal annealing in the vacuum chamber at different temperatures (300oC, 400oC, 
450oC, 600oC, and 800oC) and for different periods (1 hour, 5 hours, 24 hours, and 64 hours), then the samples were 
quenched to the atmospheric air. All as-deposited and annealed samples were surface prepared with a grinding and 
polishing machine up to a grid of 1 µm and (if required) OPS was also applied. XRD and microhardness 
measurement were conducted by using non-OPS polished samples, while OPS polished samples were required for 
SEM observation. TEM samples preparation was conducted by cutting the polished samples to disks of 3 mm and 
then further processing them with GATAN PIPS for ion milling. 
Cu K-alpha radiation (λ: 1.5405980 Å) X-ray diffraction was used to observe the phases of each sample and the 
scan step size was controlled at 0.013o2θ/s. Microhardness measurements were carried out on the DuraScan 
hardness testing machine made by STRUERS and then evaluated with the associated ecos WorkflowTM software. 
The test force of 1.962 N (HV0.2) was applied to the sample surface for 12 seconds. Zeiss SIGMA Scanning 
Electron Microscope and Oxford-instruments Energy Dispersive Spectroscopy were used to observe both the 
microstructure and the alloys’ composition at an accelerating voltage of between 17-20 kV. TEM JEOL 2011 was 
also used to obtain better information about at an accelerating voltage of 200 kV. 
2.3. Cyclic micro-bending experiments 
The free-standing micro bending beam with a dimension of 15 µm x 7.5 µm x 5 µm (lengt x width x thickness) 
was prepared by Focused Ion Beam (FIB) at the area close to the surface of the deposits. A schematic drawing of 
micro beams is shown in Fig. 1a. The cyclic micro-bending experiments were conducted inside the Zeiss SIGMA 
SEM by using Advanced Surface Mechanics (ASMEC) system and a UNAT-SEM2 nanoindenter, then the data 
were recorded by InspectorX Ver. 2 (UNAT software). A double blade gripper was used to transmit the cyclic 
loading onto the bending beam and the plastic strain amplitudes were controlled at two different values which are 
εa,pl = 4.0 x 10-4 (stage-I: 1st - 2000th cycle) and εa,pl = 6.5 x 10-4 (stage-II: 2001st - 4000th cycle). According to the 
method used by Kapp et al. (2017), the value of the maximum surface stress σs and the maximum surface strain εs 
were taken into account. Based on the elastic bending beam theory, the maximum surface stress σs and the 
maximum surface strain εs are calculated from force-displacement data by using equation (1) and (2). The applied 
displacement is u, the recorded force is F, length of bending is lF, width of beam is w, and thickness of beam is t. 
σs=
6 F lF












Fig. 2. (a) BSE images of microstructure of as deposited sample; BF TEM micrograph and SAD pattern of (b) as deposited sample and (c) 
annealed at 300oC for 64 hrs sample. 





Fig. 3. (a) Microhardness HV0.2 of as-deposited nc Co-Cu and annealed samples as a function of annealing period at different annealing 
temperatures; (b) XRD patterns of as-deposited and annealed samples. The blue lines represent the diffraction peaks of Co and Cu, whereas the 
red line is located in the center of diffraction peak of as-deposited sample. 
3. Results and Discussion 
3.1. As deposited 
Fig. 1b shows SE images of as deposited nc Co-Cu at the cross section view.  The thick films of nc Co-Cu for up 
to 350 µm were successfully deposited with no-porosity observed. SEM-EDS measurement shows the typical 
composition 67wt% Co-33wt% Cu is observed. Interestingly, the Co and Cu atoms are homogenously distributed 
from the Cu substrate interface next to the surface of the deposit (see Fig. 1b). 
Fig. 2b shows a bright-field TEM images and a selected area diffraction (SAD) pattern of deposited nc Co-Cu 
film. The average grain size for about ~23±8.16 nm is confirmed and the average microhardness for about 455±6.9 
HV is measured (see Fig. 3a). The SAD pattern strongly indicates that deposited nc Co-Cu exhibits supersaturated 
solid solution phase since the diffraction rings are in the between of the fcc Co and fcc Cu Debye-Scherrer rings of 
{111}, {200}, {220}, and {311} planes. Supersaturated solid solution Co-Cu was also observed in previous 
researches with this typical alloy composition (Bachmaier and Motz (2014); Bachmaier and Stolpe et al. (2015)). 
Moreover, the XRD pattern of the as-deposited sample (Fig. 3b) shows a similar result with SAD pattern, where the 
diffraction peaks are located between the fcc Cu and fcc Co diffraction peaks. 
3.2. Thermal stability and phase decomposition 
As-deposited nc Co-Cu films were subjected to isothermal annealing procedures to investigate their thermal 
stability. Fig. 3a shows that these annealing procedures at 300oC which corresponds to ~35% of the melting 
temperature of the alloy lead to an increasing value of hardness where minor grain coarsening is observed by a 
bright-field TEM image (see Fig. 2c). The hardness value increases for up to 492±7.27 HV for the sample annealed 
for the longest period (64 hours) and the measured grain size for this sample is 40±13.24 nm. Interestingly, lattice 
distortion is also observed in the diffraction pattern of XRD (Fig. 3b) and SAD-TEM (Fig. 2c) compared to the as-
deposited sample. This could be an indication of the phase decomposition which was also observed in the 
experiment carried out by Bachmaier (Bachmaier and Pfaff et al. (2015)) at a higher annealing temperature (400oC) 
with a different alloy composition. Furthermore, this will be an advantage for the tailoring phase decomposition at 
low temperature, where nano-sized grain below 50 nm can be maintained. 
Minor grain coarsening is also observed in the sample annealed at 400oC for 24 hours, where the hardness value 
decreases to 444±10.31 HV (see Fig. 3a) and the grain size increases to 82±28.00 nm. A microstructure image of the 
sample annealed at 400oC for 24 hours is given in Fig. 4a. This could be an upper-limit temperature for the tailoring 
phase decomposition where nano-sized grain can be maintained below 100 nm, but an annealing procedure at lower 
temperature will be preferred. Grain coarsening is more pronounced in the samples annealed at higher temperatures 
(450oC and 600oC), where the hardness values significantly decrease for up to 439±5.18 HV and 331±11.78 HV for 
the sample annealed at 450oC and 600oC for 24 hours, respectively (see Fig. 3a). However, ultrafine grain structures  
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measurement were conducted by using non-OPS polished samples, while OPS polished samples were required for 
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hardness testing machine made by STRUERS and then evaluated with the associated ecos WorkflowTM software. 
The test force of 1.962 N (HV0.2) was applied to the sample surface for 12 seconds. Zeiss SIGMA Scanning 
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was prepared by Focused Ion Beam (FIB) at the area close to the surface of the deposits. A schematic drawing of 
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SEM by using Advanced Surface Mechanics (ASMEC) system and a UNAT-SEM2 nanoindenter, then the data 
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were taken into account. Based on the elastic bending beam theory, the maximum surface stress σs and the 
maximum surface strain εs are calculated from force-displacement data by using equation (1) and (2). The applied 
displacement is u, the recorded force is F, length of bending is lF, width of beam is w, and thickness of beam is t. 
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3. Results and Discussion 
3.1. As deposited 
Fig. 1b shows SE images of as deposited nc Co-Cu at the cross section view.  The thick films of nc Co-Cu for up 
to 350 µm were successfully deposited with no-porosity observed. SEM-EDS measurement shows the typical 
composition 67wt% Co-33wt% Cu is observed. Interestingly, the Co and Cu atoms are homogenously distributed 
from the Cu substrate interface next to the surface of the deposit (see Fig. 1b). 
Fig. 2b shows a bright-field TEM images and a selected area diffraction (SAD) pattern of deposited nc Co-Cu 
film. The average grain size for about ~23±8.16 nm is confirmed and the average microhardness for about 455±6.9 
HV is measured (see Fig. 3a). The SAD pattern strongly indicates that deposited nc Co-Cu exhibits supersaturated 
solid solution phase since the diffraction rings are in the between of the fcc Co and fcc Cu Debye-Scherrer rings of 
{111}, {200}, {220}, and {311} planes. Supersaturated solid solution Co-Cu was also observed in previous 
researches with this typical alloy composition (Bachmaier and Motz (2014); Bachmaier and Stolpe et al. (2015)). 
Moreover, the XRD pattern of the as-deposited sample (Fig. 3b) shows a similar result with SAD pattern, where the 
diffraction peaks are located between the fcc Cu and fcc Co diffraction peaks. 
3.2. Thermal stability and phase decomposition 
As-deposited nc Co-Cu films were subjected to isothermal annealing procedures to investigate their thermal 
stability. Fig. 3a shows that these annealing procedures at 300oC which corresponds to ~35% of the melting 
temperature of the alloy lead to an increasing value of hardness where minor grain coarsening is observed by a 
bright-field TEM image (see Fig. 2c). The hardness value increases for up to 492±7.27 HV for the sample annealed 
for the longest period (64 hours) and the measured grain size for this sample is 40±13.24 nm. Interestingly, lattice 
distortion is also observed in the diffraction pattern of XRD (Fig. 3b) and SAD-TEM (Fig. 2c) compared to the as-
deposited sample. This could be an indication of the phase decomposition which was also observed in the 
experiment carried out by Bachmaier (Bachmaier and Pfaff et al. (2015)) at a higher annealing temperature (400oC) 
with a different alloy composition. Furthermore, this will be an advantage for the tailoring phase decomposition at 
low temperature, where nano-sized grain below 50 nm can be maintained. 
Minor grain coarsening is also observed in the sample annealed at 400oC for 24 hours, where the hardness value 
decreases to 444±10.31 HV (see Fig. 3a) and the grain size increases to 82±28.00 nm. A microstructure image of the 
sample annealed at 400oC for 24 hours is given in Fig. 4a. This could be an upper-limit temperature for the tailoring 
phase decomposition where nano-sized grain can be maintained below 100 nm, but an annealing procedure at lower 
temperature will be preferred. Grain coarsening is more pronounced in the samples annealed at higher temperatures 
(450oC and 600oC), where the hardness values significantly decrease for up to 439±5.18 HV and 331±11.78 HV for 
the sample annealed at 450oC and 600oC for 24 hours, respectively (see Fig. 3a). However, ultrafine grain structures  
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Fig. 4. Microstructure images of (a) annealed at 400oC for 24 hours; (b) annealed at 450oC for 24 hours; and (c) annealed at 600oC for 5 hours 
taken by BSE detector. 
 
were remained in the sample annealed at 450oC and 600oC, in spite of an annealing period of up to 24 hours. 
Interestingly, distinct microstructures are clearly observed at the samples annealed at these temperatures (see Fig. 
4(b-c)) and the phase decomposition to fcc Co and fcc Cu phases is confirmed by the XRD patterns (see Fig. 3b). 
3.3. Initial cyclic micro-bending test 
Low cyclic micro-bending tests were conducted to observe initial fatigue properties of as-deposited nc Co-Cu 
films. Selected surface stress as a function of surface strain data was plotted into cyclic hysteresis loop graph and 
shown in Fig. 5a. The average stress amplitude (σs,avg,amp) of each cycles was calculated by equation (3) and then 
plotted into a graph as given in Fig. 5b. This graph is very useful to observe softening/hardening phenomena and 
also to determine at which cycle the crack (if it appears) is initiated. 
𝜎𝜎𝑠𝑠,𝑎𝑎𝑎𝑎𝑎𝑎,𝑎𝑎𝑎𝑎𝑎𝑎 =
𝜎𝜎𝑠𝑠,𝑚𝑚𝑚𝑚𝑚𝑚 − 𝜎𝜎𝑠𝑠,𝑚𝑚𝑚𝑚𝑚𝑚
2                                                                                                      (3)   
The beam was subjected into two stages of the cyclic bending test. Firstly, the beam was induced to the cyclic 
bending loading with a plastic strain amplitude of εa,pl = 4.0 x 10-4 for 2000 cycles and the average stress amplitude 
values (Fig. 5b) remain constant. Afterwards, the beam was also subjected to 2000 further bending cycles by 
increasing the plastic strain amplitude to εa,pl = 6.5 x 10-4. Selected cyclic hysteresis loops (see Fig. 5a) show that 
Young’s modulus of the beam gradually decrease at a cycle number >3000 and a crack is observed after the end of 
the test as given in Fig. 6 (a-b). Moreover, Fig. 5b shows that the average stress amplitude significantly decrease 
after cycle number of 3200 and it is believed that the crack was initiated at this point. The crack with the length of 
~1.5 µm is measured from the beam (see Fig. 6b) and grain coarsening is also observed from the area close to the 






Fig. 5. (a) Selected cyclic hysteresis loop of the beam at plastic strain amplitude of stage-II (6.5 x 10-4); (b) The average stress amplitude values 
(∆σs, amp) were calculated as a function of the number of the cycle. 







Fig.  6. SE images of the beam after 4000 cycles observed from (a) top view and (b) side view; (c) BSE images of microstructure of the beam 
after 4000 cycles at the position marked on (a). The axis in all images is corresponding with the axis described in Fig. 1a. 
4. Conclussion 
The porosity-free and homogenous nc Co67wt%-Cu33wt% films have been successfully synthesized through the 
pulsed electrodeposition for up to 350 µm film thicknesses. Nano-sized grain of ~23 nm and supersaturated solid 
solution Co-Cu are observed in deposited nc Co-Cu films. 
As-deposited nc Co-Cu has a good thermal stability at an annealing temperature of 300oC. Phase decomposition 
is indicated by the increase of hardness and the observed lattice distortion at this annealing temperature (300oC), 
where the grain size can be maintained below 50 nm. As deposited nc Co-Cu has a good thermal stability for up to 
400oC. Annealing at higher temperatures (450oC and 600oC) leads to a more pronounced grain coarsening but 
interesting microstructure and phase decomposition are reported. Further works are required to study phase 
decomposition in nc Co-Cu. 
Initial cyclic micro-bending tests show that the micro beam of nc Co-Cu has a good fatigue resistance for up to 
2000 cycles at the plastic strain amplitude of εa,pl = 4.0 x 10-4. However, a crack is observed on the micro beam after 
being subjected to 2000 further cycles at the higher plastic strain amplitude (εa,pl = 6.5 x 10-4). 
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Fig. 4. Microstructure images of (a) annealed at 400oC for 24 hours; (b) annealed at 450oC for 24 hours; and (c) annealed at 600oC for 5 hours 
taken by BSE detector. 
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